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Metallic glasses exhibit many attractive attributes such as outstanding mechanical, 
magnetic, and chemical properties. Due to the absence of crystal defects, metallic glasses 
display remarkable mechanical properties including higher specific strength than crystalline 
alloys, high hardness and larger fracture resistance than ceramics.  
The technological breakthrough of metallic glasses, however, has been greatly hindered 
by the limited plastic strain to failure. Thus, several strategies have been employed to 
improve the intrinsic and extrinsic effects on the flow behavior of metallic glasses with 
respect to their fracture toughness and overall plastic strain [Gro10f]. One of the suggested 
strategies is the production of a composite consisting of the brittle metallic glass along with 
a ductile second phase that either acts as an active carrier of plastic strain or passively 
enhances the multiplication of shear bands via shear-band splitting [Gro10f]. Another 
approach for increasing plastic deformation consists of introducing pores as a gaseous 
second phase into the material. The pores are similarly effective in delaying catastrophic 
failure resulting from shear band localization. In metallic glasses with high porosity, 
propagation of shear bands can even become stable, enabling macroscopic compressive 
strains of more than 80 % without fracture [Bro06a]. 
In this thesis, Ni59Zr20Ti16Si2Sn3 glass and its composites have been fabricated using 
mechanical milling and consolidation by hot pressing followed by extrusion of 
Ni59Zr20Ti16Si2Sn3 metallic glass powder or Ni59Zr20Ti16Si2Sn3 metallic glass powder 
reinforced with 40 vol.% of brass particles to obtained bulk composite materials with high 
strength and enhanced compressive plasticity and to generate porous structure in 
Ni59Zr20Ti16Si2Sn3 metallic glass using selective dissolution.  
The brass–glass powder mixtures to be consolidated were prepared using two different 
approaches: manual blending and ball milling to properly vary size and morphology of the 
second phase in the composites. 
Powder consolidation was carried out at temperatures within the supercooled Liquid 
(SCL) region, where the glassy phase displays a strong decrease of viscosity, with using the 
sintering parameters which were chosen after analysis of the crystallization behavior of the 
glassy phase to avoid its crystallization during consolidation. 
Ball milling has a significant effect on the microstructure of the powder mixtures: a 
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refined layered structure consisting of alternating layer of glass and brass is formed as a 
result of the mechanical deformation. However, ball milling reduces the amorphous content 
of the composite powders due to mechanically induced crystallization and reaction of the 
glass and brass phases during heating. In addition, the milling of the composite powders and 
the following consolidation step reduces the amorphous content by about 50 %. 
The bulk amorphous Ni59Zr20Ti16Si2Sn3 alloy synthesized by hot pressing exhibits 
higher strength (2.28 GPa) than that of the as-cast bulk amorphous Ni59Zr20Ti16Si2Sn3 alloy 
(2.2 GPa). The mechanical behavior of the glass-brass composites is significantly affected 
by the control of the microstructure between the reinforcement and the nano-grained matrix 
phase through the different methods used for the preparation of the powder mixtures. The 
strength of the composites increases from 500 MPa for pure brass to 740 and 925 MPa for 
the composites with 40 and 60 vol.% glass reinforcement prepared by manual blending. The 
strength further increases to 1240 and 1640 MPa for the corresponding composites produced 
by ball milling caused by the remarkable effect of the matrix ligament size on the 
strengthening of the composites. 
The porous metallic glass was obtained by the selective dissolution in a HNO3 solution 
of the fugitive brass phase in the Ni59Zr20Ti16Si2Sn3 composite. The microstructure of the 
porous samples consists of highly elongated layered pore structures and/or irregularly shaped 
pores. The average size of the pores depends on the processing parameters and can be varied 
in the range of 0.4–15 µm. Additional porous samples were prepared from different extruded 
composite precursors of blended and milled powder mixtures. This leads to customized 
hybrid porous structures consisting of a combination of large and small pores. 
The specific surface area of the porous Ni-based metallic glass powder measured by the 
BET method is 16 m2/g, while the as-atomized Ni59Zr20Ti16Si2Sn3 powder has a specific 
surface area of 0.29 m2/g. This indicates a mechanical milling induced enhancement in 
surface area by refinement of the fugitive brass phase. However the specific surface area of 
the porous Ni-based metallic glass obtained from as-extruded precursors is 10 m2/g caused 
by a breakdown of the porous structure during selective dissolution of the nano-scale fugitive 
phase.  
Although milling of the present composite powders and the following consolidation 
step reduces the amorphous content by about 50 %, through the use of glassy phases with 
improved stability against mechanically induced crystallization along with reduced affinity 
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with the fugitive phase to avoid unwanted reactions during processing, this approach using 
powder metallurgical offers the possibility to produce highly active porous bulk materials 
for functional applications, such as catalysis, which require the fast transport of reactants 
and products provided by the large pores along with high catalytic activity ensured by the 
large surface area characterizing the small pores. Accordingly, gas absorption ability tests of 
porous Ni-based metallic glass powders have been performed in order to evaluate the 
possibility of replacement of conventional support materials. From these first tests it can be 
conclude that additional opportunities should exist for nano-porous MGs with designed 
architecture of porous structures that are tailored to specific functional applications.  
 























Metallische Gläser weisen viele attraktive mechanische, magnetische und chemische 
Eigenschaften auf. Aufgrund der fehlenden Kristallstruktur zeigen metallische Gläser 
bemerkenswerte mechanische Eigenschaften, einschließlich höherer spezifischer Festigkeit, 
höherer Härte und größerer Bruchfestigkeit als Keramik. 
Der technologischen Durchbruch metallischer Gläser wird jedoch bis heute stark von 
ihremspröden Bruchverhalten behindert. Deshalb wurden verschiedene Herstellungs- 
verfahren entwirkt, um sowohl die plastische Verformung der metallischer Massivgläser zu 
erhöhen, als auch um die mechanischen Eigenschaften generell zu verbessern [Gro10f].  
Eine mögliche Methode, zur Erhöhung der Plastizität und zur Beeinflussung der 
mechanischen Eigenschaften der metallischen Gläser ist der Einbau zweiter Phasen, wie z.B. 
durch Fremdpartikel Verstärkung oder Poren in Kompositen. Die Scherband bewegung wird 
durch die Wechselwirkung mit zweiten Phasen behindert, und gleichzeitig werden durch die 
in den Grenzflächen entstehenden Spannungsspitzen zwischen der zweiten Phase und der 
Matrix neue Scherbänder initiert [Gro10f, Bro06a]. Dies führt zur Bildung einer Vielzahl 
von Scherbändern, was eine höhere plastische Dehnung zur Folge hat, da die 
Deformationsenergie auf ein größeres Volumen verteilt wird.  
In der vorliegenden Arbeit wurden Ni59Zr20Ti16Si2Sn3 Massivglas und mit Messing- 
verstärkte Komposite durch Kugelmahlen und Heißpressen mit anschließender Extrusion 
von Ni59Zr20Ti16Si2Sn3 Pulver oder Ni59Zr20Ti16Si2Sn3 Pulver mit 40 vol.% Messing 
Partikeln hergestellt. Neben der Herstellung der Ni59Zr20Ti16Si2Sn3 Komposite mit Messing 
Partikeln, wurden auch Ni59Zr20Ti16Si2Sn3 Komposite mit definierter Porösität durch die 
selektive Auflösung der zweiten Phase erzeugt.  
Die verwendete Mischung von Messing und metallischem Glaspulver wurde über zwei 
verschiedene Ansätzen hergestellt: die Pulver wurden manuell gemischt oder gemahlen, um 
die optimale Größe und Morphologie der zweiten Phase in den Komositen zu erzeugen.  
Das Sintern der Pulver erfolgte bei Temperaturen im Bereich der unterkühlten 
Schmelze, wobei die Legierung eine starke Abnahme der Viskosität zeigte, mit Hilfe 
optimierter Sinterparameter, die nach der Analyse des Kristallisationsverhaltens der 




Kugelmahlen hat einen signifikanten Einfluss auf die Mikrostruktur der gemahlenen 
Pulver: Eine verfeinerte Lamellare Struktur, teils bestehend aus Glas und teils aus Messing, 
wird durch mechanische Verformung gebildet. Kugelmahlen reduziert jedoch den amorphen 
Anteil der Komposite durch mechanische induzierte Kristallisation und die Reaktion der 
Glas- und Messing- Phasen durch Erwärmung. Das Kugelmahlen der Komposite (Pulver) 
und das darauf folgende Sintern führte  zur eine Absenkung der freien Enthalpie der 
amorphen Phase um ca. 50%. 
Ni59Zr20Ti16Si2Sn3 metallische Massivgläser, welche durch Heißpressen hergestellt 
werden, weisen eine höhere Streckgrenze von 2.28 GPa als das gegossene Ni59Zr20Ti16Si2Sn3 
Massivglas (2.2 GPa) auf. Die mechanischen Eigenschaften der mit Messing Ni59Zr20 
Ti16Si2Sn3 verstärkten Komposite sind abhängig von der Kontrolle der Mikrostruktur 
zwischen den zweiten Phasen und der Matrixphase durch die verschiedenen Verfahren zur 
Herstellung von Pulvermischungen. 
Die Festigkeiten der Komposite, welche durch Handmischen und Heißpressen mit 
nachfolgender Extrusion hergestellt wurden, erhöhten sich von 500 MPa für reines Messing 
bis auf 740 und 925 MPa für die Komposite mit 40 und 60 Vol . % Glaspartikel- Verstärkung 
durch Handmischen. Die Festigkeiten erhöhten sich nochmals auf 1240 und 1640 MPa für 
die Komposite mit 40 und 60 Vol. % an Glaspartikel-Verstärkung mit lamellare Stuktur, die 
durch Kugelmahlen hergestellt würden. Die Ursache  hier für liegt in der Wirkung der 
Ligamentabmessungen zwischen den Matrixbestandteilen hinsichtlich der Verfestigung der 
Komposite. 
Die Porösität im metallischen Glas wurde durch die selektive Auflösung der flüchtigen 
Messingphasen in den Kompositen mit Salpetersäure-Lösung erhalten. Die Mikrostuktur der 
porösen metallischen Gläser besteht aus stark elongiert geschichteten Porenstrukturen 
und/oder unregelmäßig geformten Poren. Die durchschnittliche Größe einer Pore hängt von 
den behandelnden Parametern ab und kann von 0.4–15 µm variieren. Weitere poröse Proben 
wurden ausgehend von verschiedenen extrudierten Komposit-Precursoren aus 
handgemischten und kugelgemahlenen Pulvermixturen erzeugt. Dies führte zu angepassten 
hybrid-porösen Strukturen bestehend aus einer Kombination von großen und kleinen Poren.  
Die spezifische Oberfläche des porösen Glaspulvers gemessen mit Hilfe der BET- 
Methode, beträgt 16m2/g, wohingegen das atomisierte Ni59Zr20Ti16Si2Sn3 MG 
Ausgangspulver eine spezifische Oberfläche von 0.29 m2/g besitzt. Dies weist darauf hin, 
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dass das Mahlen eine Vergrößerung der Oberfläche durch die Verfeinerung der flüchtigen 
Messingphase induziert. Die spezifische Oberfläche der porösen-metallischen Gläser beträgt 
10 m2/g und entsteht durch die Zerstörung der porösen Struktur während der selektiven 
Auflösung der nanoskaligen flüchtigen Phase. Obwohl das Kugelmahlen der Komposite 
(Pulver) und die darauf folgende Konsolidierung zwar den amorphen Anteil um etwa 50% 
reduziert, bietet die Pulvermetallurgische Herstellung durch die Verwendung von gläsernen 
Phasen mit verbesserter Stabilität gegenüber mechanisch induzierter Kristallisation, sowie 
einer reduzierten Affinität mit der flüchtigen Messingphase zur Vermeidung von 
unerwünschten Reaktionen während des Prozesses eine Möglichkeit, hochaktive poröse 
metallische Gläser für funktionelle Anwendungen, wie z.B. Katalyse, zu entwickeln. Hier 
ist  eine schnelle Transport von Reaktanten und Produkten, welcher von den großen Poren, 
sowie eine hohe katalytische Aktivität, die von kleinen Poren und einer großen Oberfläche 
sichergestellt wird wesentlich. Daher wurden Untersuchungen zur Gasabsorptionsfähigkeit 
von porösem metallischen Glaspulver durchgeführt, um die Möglichkeit der Ersetzung von 
konventionellen Trägermaterialen bewerten zu können.  
Diese ersten Versuche zeigen die grundsäLzliche Eignung nano poröse metallischer 
Gläser zur Herstellung von porösen Strukturen mit einstellbarer Porenarchitektur auf die 
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1. Introduction  
Metallic glasses exhibit many attractive attributes such as outstanding mechanical, 
magnetic, and chemical properties [Ash05a]. Research on metallic glasses initially focused 
on the magnetic properties, due to their excellent soft-magnetic properties [Her92a, Löf90a] 
and their potential commercial applications in transformer cores. However, with the 
discovery of the bulk metallic glasses (BMGs) in the 1990s, the interest in the mechanical 
properties [Dav78a] has revived, while metallic glasses can be multifunctional for a 
magnetic read head due to good wear resistance [Koh89a], and can be exploited as corrosion- 
and wear-resistant coatings.  
Due to the absence of crystal defects, metallic glasses display remarkable mechanical 
properties including higher specific strength than crystalline alloys, high hardness and larger 
fracture resistance than ceramics [Tel04a]. The high specific yield strength combined with 
their large elastic limit should predestine them for structural applications. Under ambient 
conditions, metallic glasses show a distinctive localization of the plastic deformation into 
shear bands [Dav78a], giving unusual combinations of properties, for example, zero ductility 
but high fracture toughness, which obstruct simple comparison with conventional 
engineering materials [Ash06a], because the product made of metallic glass absorbs less 
energy upon stress induced deformation through damping and returns more by rebounding 
elastically to its initial shape [Tel04a].  
The technological breakthrough of metallic glasses, however, has been greatly hindered 
by the limited plastic strain to failure. Thus, several strategies have been employed to 
improve the intrinsic and extrinsic effects on the flow behavior of metallic glasses with 
respect to their fracture toughness and overall plastic strain [Gro10f]. One of the suggested 
strategies is the production of a composite consisting of the brittle metallic glass along with 
a ductile second phase that either acts as an active carrier of plastic strain or passively 
enhances the multiplication of shear bands via shear-band splitting [Gro10f]. Another 
approach for increasing plastic deformation consists of introducing pores as a gaseous 
second phase into the material. The pores are similarly effective in delaying catastrophic 
failures resulting from shear band localization. In metallic glasses with high porosity, 
propagation of shear bands can even become stable, enabling macroscopic compressive 
strains of more than 80 % without fracture [Bro06a]. This improvement in plastic 
deformation is explained by shear-band interruption by individual pores at low porosities 
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and stable plastic bending of thin struts at higher porosities [Wad05a, Bro05a]. Therefore, 
rising interest has been paid to Metallic Glass Matrix Composites (MGMC) such as glass 
composites consisting of a glass matrix together with a second reinforcing phase of different 
length scales and porous metallic glasses (MG) to circumvent the limited room temperature 
plasticity of metallic glasses maintaining their favorable properties [Hue04a, Ino00a, Yan06a, 
Nis02a, Yim99a, Wad03a, Wad05a, Bro04a,Bro05a].  
The term “porous metals” generally denotes metals which have a large volume of 
porosity, while the terms either foamed metals or metallic foams refer to porous metals 
produced with processes where foaming takes place [Lef08a ]. Among the advanced metals, 
bulk metallic glasses are of considerable interest for applications as porous structures due to 
the positive combination of remarkable mechanical, physical and chemical properties. For 
instance, closed porous metals are mainly used as structural materials such as energy 
absorbers [Sch03a] and the capacity to absorb energy is directly proportional to the strength 
of the material. Since bulk metallic glasses, such as Zr-and Pd-based materials, exhibit a 
yield strength of about 2 GPa [Joh05a], compared to 250 MPa for aluminum, a much larger 
energy absorption ability is expected [Sch03a] .  
Another advantage of using BMGs as porous materials is the good control over pore 
size spatial homogeneity, and porosity by using the viscous flow of the BMG-forming liquids. 
The dynamics of bubble nucleation, growth, sedimentation, merge, and collapse is inversely 
proportional to the viscosity. The viscosity of a BMG-forming liquid is 1 Pa×s at the liquidus 
temperature [Mas99a]; therefore, much higher than the viscosity of a pure metallic liquid 
(10−3 Pa×s) [Iid88a] at its melting temperature. For this reason, a drastically slower foaming 
kinetics is expected for BMGs compared to pure metals.  
Moreover metallic glasses (MG) have favorable properties such a strong corrosion 
resistance, in the case of particular compositions, combined with desirable properties at 
relatively low densities [Ino00a]. Thus their properties make them visible candidates as 
functional materials as hydrogen storage media for fuel cells [Hue04a] or membranes for 
filtration [Yan06a, Bro07b]. Accordingly, the synthesis of porous metallic glass structures 
has gained significant attention. 
BMG composites and porous metallic glasses have been produced through a variety of 
processing routes. MGMCs can be prepared by the same processes which are used to 
fabricate BMGs, such as vapor deposition, quenching from the liquid state/deposition from 
the dissolved state (e.g. melt spinning and metal mold casting/electrochemical deposition 
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[Ino89a, Ino93a ,Dal03a]), and by powder metallurgy, such as solid state amorphization 
reaction (e.g. by ball milling) followed by powder consolidation [Eck88a]. According to the 
evolution of the second phase formation, the BMG composites have been designated as in 
situ or ex situ composites [Sur10a]. In the in situ composites, the second phase precipitates 
out of the metallic glass either during casting or during subsequent crystallization of the 
monolithic glassy alloy. On the contrary, in the ex situ method, the second phase is added 
separately during the processing of the alloy and stays “as-is” without much interaction with 
the matrix.  
Fabrication of amorphous metal foams and porous MGs has been demonstrated by 
several methods using specific metallic glass alloys. For example Brothers et al. [Bro06a, 
Bro06b and Bro07b] described the liquid-state methods to produce Pd- or Zr-based BMG 
foams. Porous structure can be generated by precipitation of dissolved hydrogen during 
cooling [Wad04a], gas entrapment in the melt followed by expansion in the supercooled-
liquid state [Wad07a], infiltration of a bed of hollow spheres to create syntactic foams 
[Bro04a , Bro07a], and infiltration of salt particles as fugitive phases which are dissolved by 
acidic solutions [Bro05a, Wad07a].  
The processing routes of MGMCs and porous metallic glasses described above are 
mostly based on rapid solidification. However, there is critical restriction for the production 
of porous MGs: the system should have a high glass forming ability to generate foams 
without crystallization during cooling [Lee12a]. This drawback is hard to overcome because 
the introduction of pores during foaming decreases the thermal conductivity of the liquid, 
further degrading the glass forming ability during cooling [Lee06a]. Moreover, some 
foaming agents such as salts and hydrogen can induce heterogeneous nucleation by their 
chemical reaction or contaminate the amorphous foams during cooling. As a result, only 
metallic systems with high glass-forming ability can be processed through these methods. 
Another critical aspect of the fabrication of BMG foams by solidification is the limited 
control over the pore structure [Sch10a]. In addition, the pore size of the amorphous foam 
obtained using blowing agents is generally quite large ranging between 100 and 1000 m. 
Smaller pore sizes (< 500 nm) and thus higher specific surface areas are required to achieve 
the enhanced reactivity necessary for functional applications [Lee06a].  
Aware of these problems of liquid state methods using rapid solidification, powder 
metallurgical method routes have been used to fabricate MGMCs and porous MGs 
successfully. Powder metallurgy is able to avoid or minimize crystallization of the glass 
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phase and allows improved control over the microstructure (e.g. shape, size and distribution 
of the second phase particles or pores) that is rather limited in the liquid phase route. 
Additionally, the size and size distribution of the second phase can be further adjusted by 
ball milling of the powder mixtures before sintering. 
In order to generate porous structure in MGs, selective dissolution of the second phase 
in metallic glass matrix-crystalline composites [Lee06a] has been carried out using both 
chemical and electrochemical treatments [Jay06a]. This approach has been useful in 
overcoming the above mentioned problems. Solid-state powder metallurgy shows a large 
potential to amend these drawbacks and to develop novel porous glassy materials with 
designed pore structures and resulting properties. The porous metals also need suitable pore 
structure in order to achieve high specific surface areas to enhance reactivity for functional 
applications involving chemical reactions, such a catalyst support materials [Lee06a]. Since 
catalysis takes place on the surface, the surface area is highly important. Even though porous 
material with excessively small pores can have high surface area, this material is barely 
suitable for catalysis caused by decreasing the rate of the inward diffusion of the reactants 
and the outward diffusion of the products [Bru76a]. Therefore, an optimized pore structure 
is necessary for achieving good catalytic properties. 
In this work, solid-state powder metallurgy has been used to fabricate monolithic 
metallic glasses, MGMCs and metallic glasses with designed pore structures. To achieve 
this aim, synthesis and characterization of the Ni59Zr20Ti16Si2Sn3 glassy powder and hot 
pressed bulk Ni59Zr20Ti16Si2Sn3 samples were carried out to establish the optimized 
processing parameters for the consolidation of the bulk precursors. Accordingly, bulk 
precursors were produced by warm extrusion of powder mixtures consisting of 
Ni59Zr20Ti16Si2Sn3 glassy phase along with 40 vol.% brass. Porous specimens were then 
obtained through the selective dissolution of the fugitive brass phase. The glass-brass powder 
mixtures were prepared through manual blending as well as by ball milling in order to vary 
pore size and morphology. Additional porous samples were prepared from different 
combinations of blended and milled powder mixtures with the aim of achieving hybrid 
porous structures consisting of large pores (able to favor the transport of reactants and 
products) along with small pores having large surface areas for improving the chemical 
activity.  
In Chapter 2, the general theoretical background about metallic glasses and its 
composites is introduced with special emphasis on basic concepts, glass forming ability, and 
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synthesis by different processing methods, which finally lead the reader to the properties of 
bulk metallic glasses. The concepts of porous metallic glasses and powder metallurgy 
methods are also described through various literature resources.  
Chapter 3 deals with the experimental details and includes the design, fabrication, and 
testing of BMGs, MGMC and porous metallic glasses.  
Chapter 4, 5 and 6 present the results and discusses the different properties of the 
starting materials, sintered metallic glasses, MGMCs and porous MGs. Finally, Chapter 7 
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2. Theoretical background 
This chapter provides the theoretical background – namely the fundamental and 
important concepts, which are necessary to understand the study performed in this thesis. 
This chapter starts with the general background on metallic glasses and the fundamental 
notions of glass formation, the synthesis of metallic glasses and their properties. It then 
introduces the general concepts of metallic glass matrix composites inclusive of porous 
metallic glasses as a kind of Metallic Glass Matrix Composites (MGMCs) through various 
literature sources. Finally, powder metallurgy methods related with the synthesis of bulk 
metallic glasses are introduced. 
2.1. Metallic glasses 
Metallic glasses are non-crystalline solids consisting of metals and metallic alloys with 
no long range atomic order, whereas metals normally form crystalline solids as shown in Fig. 
2.1 [Cal07a]. The first metallic glass, discovered in 1960, as a result of studies on rapidly 
cooled metals, was a Si25Au75 alloy that rapidly solidifies with a cooling rate of about 10
6 
K/s [Kle60a]. This alloy lacks a systematic and regular arrangement of atoms over relatively 
large atomic distances [Cal07a]. “Amorphous” and “glassy” are the alternative terms 
normally used to describe such an arrangement of atoms [Sur10a]. As these amorphous 
materials are based on metals, these were referred to as glassy metals or metallic glasses.  
 
 
Figure 2.1 Schematic illustration of (a) four grains of crystalline atomic structure. In each grain, the atoms 
form an ordered lattice. The grain boundaries are one example of a crystalline defect. (b) Metallic glass 
structure. The atoms are arranged in a disordered fashion, similar to their arrangement in the liquid. state. 
 




Figure 2.2 Schematic diagrams showing the various amorphization techniques: (a) energy is extracted from 
a vapor or liquid phase, (b) energy has to be added to the system. Note that the term “glass” is restricted to 
an amorphous material created via cooling from the liquid state (SPD stands for severe plastic deformation) 
[Gro10c]. 
 
The terms non-crystalline, amorphous, or glassy have been interchangeable in the 
literature leading to some confusion. Furthermore, some researchers have been preferably 
using the term “amorphous,” while others have been using “glassy,” and a few others “non-
crystalline”[Sur10a]. Added to this, some researchers refer to the thin ribbon glassy materials 
as amorphous and the bulk glassy alloys only as glasses. Similarly, several terms have been 
used to describe these non-crystalline materials [Sur10a].  
To avoid ambiguity and confusion, some researchers have then tried to distinguish 
between glassy and amorphous materials. Because people were able to produce glasses only 
from the liquid state in early years, only amorphous materials produced via rapid quenching 
from the liquid state are called glasses [Sur10a]. On the other hand, this does not apply to 
amorphous materials produced by other techniques [Sur10a].  
As demonstrated in Fig.2.2, amorphization methods are principally divided into two 
main techniques, where the gaseous or liquid state materials have to solidify by rapid energy 
extraction [Buc52a, Kle60a, Duw67a, Cah80a, Tur81a, Joh90a, Joh94a, Ino98a, Joh99a, 
Ino00a, Löf03a, Löf06a] (Fig 2.2(a)) or where energy has to be added to the solid system 
(crystal) [Tur81a, Joh94a, Sch83a, Pus84a, Sch94a, Val00a, Duw60a] (Fig. 2.2(b)). In the 
first category, BMGs have been produced through vapor deposition, quenching from the 
liquid state/deposition from the dissolved state (e.g. melt spinning and metal mold 
casting/electrochemical deposition [Ino89a, Ino93a, Dal03a]). In the latter case, BMGs have 
been produced through solid state amorphization reactions, e.g. ball milling [Eck88a]. As 
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additional routes are amorphization by high energy radiation [Cah96a] and powder 
metallurgical route [Eck97a], energy is provided for amorphization by chemical reactions 
[Sch83a], radiation, pressure [Pon92a], deformation and cold welding [Sch94a], or shear 
(severe plastic deformation, SPD) [Val00a].  
Since the first discovery of a metallic glass in 1960, a lot of alloys of different 
compositions has been prepared as metallic glasses. Metallic glasses that form specimens 
larger than 1 mm in the smallest dimension are referred to as “bulk” metallic glasses (BMGs) 
[ Ino89a, Pek93a].  
 
2.1.1. The concept of glass formation 
The glassy Au–Si alloy, discovered by P. Duwez [Kle60a], was produced in dimensions 
of less than 50 μm, although a very high cooling rate of approximately 106 K/s was applied. 
The formation of either a crystalline or an amorphous solid depends on the disordered atomic 
structure of the liquid, which can easily transform into an ordered (crystalline) state during 
solidification [Cal07a]. 
In general, a classification of thermodynamic states of the system of alloys can be 
illustrated (Fig. 2.3) [Eve12a]. The free energy of the system, (𝑥), where x is a generalized 
phase space coordinate, can be described by the schematic curve. The maxima and minima 
of the free energy curve are found where 𝑑𝐺 𝑑𝑥 = 0⁄  and correspond to the various 
 
 
Figure 2.3 A schematic illustration of possible thermodynamic states of alloys: (a) metastable equilibrium, 
(b) unstable equilibrium (c) stable equilibrium, and (d) unstable non-equilibrium state [Eve12a].  
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equilibria in the system with respect to x. The system is said to be "in equilibrium" when its 
thermodynamic properties do not change with time; this is the case for the metastable and 
stable equilibria of Fig. 2.3 (points (a) and (c), respectively). The stable equilibrium at point 
(c) represents the global minimum of the system and corresponds therefore to its 
thermodynamic ground state. However, for the local minimum represented by the point (a), 
the system may remain stable for small fluctuations, but will eventually, given enough time, 
display a transition from point (a) to point (c). In the unstable equilibrium state represented 
by point (b), small fluctuations about this point may quickly lead to a transition to a more 
stable thermodynamic state. Point (d) is an example of a non-equilibrium state. At this point, 
the system is in a transitory state and its properties are continuously changing. 
The sign of the free energy difference between states (a) and (c),∆𝐺(𝑎)−(𝑐), (Fig. 2.3) 
shows that the transformation is thermodynamically favored. However, the existence of a 
transformation barrier between (a) and (c) indicates that extra energy is needed in order for 
the transformation to take place; i.e. ∆𝐺(𝑎)−(𝑏). The existence of a transformation barrier is 
important to nucleation theory and will be discussed further in Sec. 2.1.2. 
For a pure material, the liquid and crystalline phases coexist in thermodynamic 
equilibrium at the melting point   𝑇𝑚 ; that is,  𝑇𝑚  signifies both the melting point upon 
heating and the solidification temperature upon cooling. In multicomponent alloy systems, 
crystals from the solid can actually remain stable over a range of temperatures when heated 
above  𝑇𝑚. The liquidus temperature,  𝑇𝑙𝑖𝑞, identifies the maximum temperature at which 
crystals can coexist in stable thermodynamic equilibrium with the liquid [Eve12a]. Upon 
cooling, the solidification process will begin at  𝑇𝑙𝑖𝑞 and end at  𝑇𝑠𝑜𝑙. This specific transition 
can be referred as crystallization. The temperature at which crystallization begins can, for a 
given substance, be lower than its liquidus temperature (or melting temperature, in the case 
of a one-component system) [Eve12a].  
If a liquid metal is cooled, one of two events may take place; either crystallization 
occurs, or, if the liquid metal is undercooled below  𝑇𝑙𝑖𝑞 or   𝑇𝑠𝑜𝑙 without crystallization, it 
is said to be in metastable equilibrium (point (a)) [Cho98a]. The second process is referred 
to as supercooling or undercooling (point (c)). The undercooled liquid is metastable with 
respect to the crystalline ground state, but still in (local) equilibrium. For other substances, 
the crystallization temperature is very close to   𝑇𝑙𝑖𝑞  or   𝑇𝑚  and practically no 
undercooling is observed. Other substances, on the other hand, will not crystallize during the  





Figure 2.4 Variation of specific volume with temperature for the formation of a crystal and a glass [Sur10a]. 
entire range of undercooling, eventually leading to a kinetic liquid-glass transition and glass 
formation. 
These specific transitions can be observed by monitoring the volume as a function of 
temperature, as schematically illustrated in Fig. 2.4. At the solidification of a liquid metal, 
which transforms to a crystalline solid, the specific volume of the liquid drops abruptly at 
the melting point  𝑇𝑚 until it reaches the value characteristic of the crystal. Further decrease 
in temperature below 𝑇𝑚  results in a slow decrease of the volume of the solid depending 
on its coefficient of thermal expansion. On the other hand, the sudden drop of specific 
volume does not occur at  𝑇𝑚 for undercooled liquids. Below a certain temperature ( 𝑇𝑔), 
the change becomes so sluggish that the structure appears to be frozen because of “kinetic 
arrest” and it is predictable by a change in the slop that the glass transition takes place 
[Cho98a]. The temperature at which the change of slop occurs is defined as the glass 
transition temperature  𝑇𝑔 [Cho98a]. 
The specific heat 𝐶𝑝 of the undercooled liquid increases with decreasing temperature, 
unlike the specific heat of crystalline solids, and the difference between 𝐶𝑝 of the 
undercooled liquid and the glass continues to increase till  𝑇𝑔. A sudden drop of the 𝐶𝑝 
value of the undercooled liquid occurs at 𝑇𝑔 , showing the manifestation of the glass 
transition (Fig. 2.5(a)). Once the glass is formed, there is little difference in 𝐶𝑝 between the 
crystal and the glass. The temperature of the glass transition is not a constant of the material, 
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but is a function of experimental conditions [Bus98a]. Slow cooling rates will move the glass 
transition temperature to lower temperatures.  
 Additionally, the viscosity of a glass-forming liquid increases gradually with decreasing 
temperature in a whole range from the glass transition temperature and melting point. But 
this trend continues below the melting point, even though the rate of the increase in viscosity 
is more rapid with the further decrease in temperature in the supercooled liquid [Sur10a]. 
The viscosity of the material increases by about 15  orders of magnitude (see Fig. 2.5(b)). 
When the viscosity is about 15 (log(10−2 𝑝𝑜𝑖𝑠𝑒)), the atomic configuration of the liquid 
becomes homogeneously frozen, at the glass transition temperature 𝑇𝑔. Below 𝑇𝑔, it remains 
as a glass, which is in a non-equilibrium state, and, its viscosity remains constant.  
 
 
Figure 2.5 Variation of (a) specific heat and (b) viscosity with temperature for crystalline and glassy 
phases [Sur10a]. 
 
2.1.2. Phase crystallization: nucleation and crystal growth 
Glass formation by rapid cooling from an equilibrium liquid is equivalent to 
suppressing crystallization within the undercooled liquid. The crystalline state of a system 
at temperatures lower than   𝑇𝑙𝑖𝑞 has a lower Gibbs free energy than that of the liquid. As 
mentioned above, the thermodynamic driving force for crystallization is approximated by 
the difference in Gibbs free energy,  ∆𝐺, between the metastable undercooled liquid (point 
(a) in Fig. 2.3) and crystalline state (point (c) in Fig. 2.3) .The difference in Gibbs free energy 
will provide a driving force for crystal nucleation, while the creation of the liquid–crystalline 
state interface will create a positive interfacial energy that disfavors nucleation [Gro10g]. 
The crystallization process of the liquid close to 𝑇𝑙𝑖𝑞 begins with the nucleation of 
clusters of the stable crystalline phase. The change in the free energy associated with the 
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formation of a cluster of the solid phase is  
                                    ∆𝐺 =
4
3
𝐺𝜋𝑟3 ∆𝐺𝑣 + 4𝜋𝑟
2𝛾                    (2.1) 
As shown in Eq. (2.1), there are two contributions to the total free energy change. The 
first is the free energy difference between the solid and liquid phases, or the volume free 
energy,   ∆𝐺𝑣. Its value is negative, if the temperature is below the equilibrium solidification 
temperature, and the magnitude of its contribution is the product of ∆𝐺𝑣 and the volume of 
the spherical nucleus (i.e., 
4
 3 
𝜋𝑟3) [Cal07a]. The second energy contribution results from 
the formation of the solid–liquid phase boundary during solidification [Cal07a]. Associated 
with this boundary is a surface free energy, γ, which is positive; furthermore, the magnitude 
of this contribution is the product of γ and the surface area of the nucleus (i.e., 4π𝑟2). 
Since the phase transition from and undercooled liquid to a solid is thermodynamically 











Figure 2.6 Gibbs free energy ∆𝐺 associated with the nucleation of a crystalline embryo as a function of 
its radius [Cal07a]. 
 
If the radius of the cluster is smaller than some critical radius, r*, then the system can 
lower its free energy by dissolution of the solid cluster back into the liquid phase. However, 
if the cluster of particle is larger than r*, the cluster will grow into a stable nucleus [Cal07a]. 
A critical free energy of cluster formation, ∆𝐺∗, occurs at the critical radius r*. In Fig. 2.6, 
∆𝐺 is shown as a function of embryo/nucleus radius r. The competition between these two 
terms gives a free energy maximum: 







                             (2.2)       




                               (2.3) 
∆𝐺∗ is the nucleation energy barrier. Thus, the crystalline nuclei larger than critical radius r* 
will grow with decreasing free energy and will be stabilized. In contrast, crystalline nuclei 
smaller than r* will show the tendency to re-melt with increasing free energy. 
The homogeneous nucleation rate, I, for the formation of crystalline nuclei from a 
super-cooled liquid can be expressed as [Tur69a]  







⌋               ,         (2.4) 
where 
b is a shape factor (b = 16π/3 for a spherical nucleus) 
kn is a kinetic constant                      
𝜂(𝑇) is the shear viscosity of the liquid at the temperature T  
𝑇𝑟 is the reduced temperature (𝑇𝑟 = 𝑇 𝑇𝑙𝑖𝑞⁄ ) 
∆𝑇𝑟 is the reduced supercooling (∆𝑇𝑟   = 1-𝑇𝑟) 
α and β are dimensionless parameters related, respectively, to the liquid/solid 




2)1 3  ⁄ γ
∆𝐻𝑓





                  ,         (2.6) 
where 
𝑁𝐴 is Avogadro’s number 
𝑉 ̅is the molar volume of the crystal  
R is the universal gas constant. 
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It is clear from Eq. (2.4) that for a given temperature and viscosity  𝜂, 𝛼3𝛽 increases, 
and the nucleation rate decreases very steeply. The increase of α and β means an increase 
of γ and ∆𝑆𝑓 and /or a decrease of ∆𝐻𝑓, all consistent with the thermodynamic approach 
of increased glass-forming ability explained previously. 
It is also interesting to note that 𝜂 is closely related to the reduced glass transition 
temperature, 𝑇𝑟𝑔 (=𝑇𝑔 𝑇𝑙𝑖𝑞⁄ ) and 𝛼
3𝛽 determines the thermal stability of the underooled 
liquid. In agreement with experimental results, the value of α𝛽1 3⁄  for metallic melts has 
been estimated to be about 0.5 [Sur10a]. The importance of 𝛼3𝛽 can be appreciated from 
the following two examples. When α𝛽1 3⁄ > 0.9, the melt will not crystallize at any cooling 
rate by homogeneous nucleation. In other words, the glass will continue to be stable, unless 
crystal nucleation takes place at heterogeneous sites. On the other hand, when α𝛽1 3⁄ ≤ 0.25, 
it would be impossible to suppress crystallization. Thus, the higher the α𝛽1 3⁄  value, the 
easier it is to suppress crystallization and to achieve glass formation [Sur10a]. 
The equation for the growth rate of a crystal from an undercooled liquid can be 
expressed as [Sur10a], 






]                ,     (2.7) 
where 𝑓 represents the fraction of sites at the crystal surfaces where atomic attachment can 
occur (f = 1 for close-packed crystals and 0.2∆𝑇𝑟 for faceted crystals). Here also we can see 
that 𝒰 decreases as 𝜂 increases, and will thus contribute to increase the glass forming 
ability.  
Since both I and 𝒰 vary, at any given temperature, with 1 𝜂⁄ , both the glass forming 
tendency and the stability of the glass should increase with the reduced glass transition 
temperature, 𝑇𝑟𝑔, and increasing values of  α and 𝛽. Reducing the value of 𝑓 through 
atomic rearrangements such as local ordering or segregation would also lower the growth 
rate. Since the value of α𝛽1 3⁄  is approximately 0.5 for metallic alloys, it may be easily 
shown that liquids for which 𝑇𝑟𝑔 > 2 3⁄  may readily be quenched into a glassy state, 
whereas if 𝑇𝑟𝑔 = 0.5 a cooling rate of about 10
6  K𝑠−1  is required for the melt to be 
quenched into the glassy state.  
Based on the treatment of Uhlmann [Uhl72a], Davies [Lub83b] combined the values of 
I and 𝒰 with the Johnson-Mehl-Avrami treatment of transformation kinetics and calculated 
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𝜋𝐼𝒰3𝑡4                          (2.8) 
Substituting the values of I and 𝒰 in Eq. (2.8), the time needed to achieve a small 

















             ,        (2.9) 
where 
𝑎0 is the mean atomic diameter 
 𝑁𝑣̅̅ ̅̅  is the average volume concentration of atoms, and all the other parameters have 
the same meaning , as described earlier. 
A time-temperature-transformation (T-T-T) curve was then computed by calculating the 
onset time for crystallization, t, as a function of 𝑇𝑟  (𝑇 𝑇𝑙𝑖𝑞)⁄ , to transform to a barely 
detectable fraction of crystals, which was arbitrarily taken to be 𝜒 = 10−6. Figure 2.7 shows 
the TTT curves calculated in the above manner for pure Ni, the reasonably good glass 
formers Au78Ce14Si8 and Pd82Si18 alloys, and the good glass former Pd78Cu6Si16. The critical 
cooling rate for glass formation, 𝑅𝑐, can hence be defined as the minimum cooling rate 
required to bypass the formation of crystals and reach the glassy state. The critical cooling 




                      ,      (2.10)   
where ∆𝑇 is the undercooling and 𝑡𝑛 is the time at the nose of the TTT curve.  
Accordingly, the undercooled liquid, which is a thermodynamically metastable phase 
comparing to the corresponding equilibrium crystalline phases, will crystallize at high 
enough temperature and/or given long enough time. Therefore, it is possible to kinetically 
constrain the formation of crystalline phases by controlling the working time and 
temperature corresponding to control crystal nucleation and growth and it will derive 
successful consolidation of a metallic glass. 




Figure 2.7 Time-temperature-transformation (T-T-T) curves (solid lines) and the corresponding continuous 
cooling transformation curves (dashed lines) for the formation of a small volume fraction of crystals for 
pure Ni, and Au78Ge14Si8, Pd82Si18 and Pd78Cu6Si16 alloys [Sur10a]. 
 
2.1.3. Glass forming ability 
The glass-forming ability (GFA) is the ability related to the ease of glass formation. It 
is fundamental for understanding glass formation, important factor for designing and 
developing new bulk metallic glasses. The glass-forming ability can be evaluated by 
considering the critical cooling rate (𝑅𝑐 ), or the maximum thickness (𝐷𝑚𝑎𝑥 ) for glass 
formation. The smaller 𝑅𝑐 or the larger 𝐷𝑚𝑎𝑥 the higher the GFA of the system. However, 
𝑅𝑐 is difficult to measure precisely, and 𝐷𝑚𝑎𝑥 is strongly affected by the production method 
used. A great deal of effort has, therefore, been devoted to the search of a simple and reliable 
gauge for quantifying the GFA of metallic glasses [Luz02a]. 
Fortunately, it is found that 𝑅𝑐  could be correlated to three important temperature-
defined transitions, namely the liquidus temperature 𝑇𝑙𝑖𝑞 , the glass transition temperature 𝑇𝑔, 
and the crystallization temperature 𝑇𝑥  [Luz02a, Luz03a, Lon09a], and criteria based on 
these characteristic temperatures can be used to evaluate the GFA of available metallic 
glasses. These characteristic temperatures can be easily determined by differential scanning 
calorimetry (DSC) or differential thermal analysis (DTA), which partially explains why there 
currently exist so many GFA criteria based on 𝑇𝑔 through different combinations of them 
[Lon09a, Luz07a], such as 𝑇𝑟𝑔(= 𝑇𝑔 𝑇𝑙𝑖𝑞⁄ ) [Tur69a] and ∆𝑇𝑥(= 𝑇𝑥 − 𝑇𝑔) [Ino00a]. 





Figure 2.8 Maximum critical casting thickness, 𝑑𝑚𝑎𝑥 , and critical cooling rate, 𝑅𝑐 , vs. reduced glass 
transition temperature 𝑇𝑔 𝑇𝑙𝑖𝑞⁄  for various metallic glass-forming alloys correlated with the various 
quenching techniques [Gro10c]. 
 
Figure 2.8 shows the relationship of various metallic glass-forming alloys between the 
critical cooling rate (𝑅𝑐), maximum sample thickness (𝐷𝑚𝑎𝑥) as a function of their reduced 
glass transition temperature (𝑇𝑟𝑔) [Gro10c, Lub83b]. The rapid solidification techniques are 
also correlated with the cooling rate (see right-hand side of Fig. 2.8). While this may be the 
case for simple metallic alloys whose critical cooling rates can be on the order of 106 K s−1, 
novel bulk metallic glasses, such as Pd-based BMGs with a critical cooling rate of 0.10 K 
s−1, have since refuted this preconception [Lu99a]. High cooling rates can be achieved by 
promoting rapid heat removal from the bulk through maximizing the contact area between 
the melt and the cooling medium. This can be affected either by modifying the shape of the 
melt during processing (splat quenching, melt spinning, etc.) or by physically segmenting 
the melt by various methods (e.g. by atomization) [Gro10c]. 
 
2.1.4. Properties 
Metallic glasses exhibit many attractive attributes such as outstanding mechanical, 
magnetic, and chemical properties shown in Table 2.1 [Ash05a]. Research into metallic 
glasses initially focused on the magnetic properties, due to their excellent soft-magnetic 
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properties [Her92a, Löf90a] and their potential commercial applications in transformer cores. 
However, with the discovery of the BMGs in the 1990s, the interest in mechanical properties 
[Dav78a] has revived, while metallic glasses can be multifunctional for a magnetic read head 
due to good wear resistance [Koh89a], and can be exploited as corrosion- and wear-resistant 
coatings.  
Due to the absence of crystal defects, metallic glasses display remarkable mechanical 
properties including higher specific strength than crystalline alloys (Fig. 2.9), high hardness 
and larger fracture resistance than ceramic [Tel04a]. The high specific yield strength 
combined with their large elastic limit should predestine them for structural applications. 
Under ambient conditions, metallic glasses show a distinctive localization of the plastic 
deformation into shear bands [Dav78a], giving unusual combinations of properties, for 
example, zero ductility but high fracture toughness, which obstruct simple comparison with 
conventional engineering materials [Ash06a], because the product made of metallic glass 
absorbs less energy upon stress induced deformation through damping and returns more by 
rebounding elastically to its initial shape [Tel04a]. Their technological breakthrough, 
however, has been greatly hindered by the limited plastic strain to failure. Thus, several 
strategies have been employed to improve the intrinsic and extrinsic effects on the flow 
behavior of metallic glasses with respect to their fracture toughness and overall plastic strain 
in compression [Gro10f]. One of the suggested strategies is the production of a composite 
 
 
Figure 2.9 Comparison of typical yield strength of amorphous and crystalline alloys of different specific 
densities [Tel04a]. 
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consisting of the brittle metallic glass along with a ductile second phase that either acts as 
an active carrier of plastic strain or passively enhances the multiplication of shear bands via 













Table 2.1 Properties of metallic glasses related to potential applications [Ash05a]. 
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2.2. Metallic Glass Matrix Composites (MGMCs) 
A composite can be defined as a multiphase material that exhibits a significant 
proportion of the properties of both constituent phases such that a better combination of 
properties is realized [Cal07a]. As described above, despite the various remarkable 
properties of metallic glasses, their inherent ductility limitations have restricted more 
widespread applications. Some research shifted towards toughening strategies for BMGs and 
in the early 2000s, progress was made by recognizing that the brittle failure of BMGs could 
be mitigated by the addition of crystalline phases into a BMG matrix [Hay00a]. Therefore, 
Bulk Metallic Glass Composites (BMGCs) have been developed to overcome the primary 
limitations of monolithic BMGs, while at the same time maintaining other attractive 
properties such as high strength and large elastic strain limit. Vigorous funding and growth 
in interest of research on the materials contributed to a resurgence in scientific progress on 
BMGs and BMGCs by the end of the decade [Hof13a].  
The BMG composites have been designated as in situ or ex situ composites depending 
on the way these have been obtained [Sur10a]. In the in situ composites, the second phase 
precipitates out of the metallic glass either during casting or subsequent processing of the 
 
             
 
Figure 2.10 (a) Ex situ processed steel-wire-reinforced Zr41.25Nb13.75Cu12.5Ni10Be22.5 (Vit-1) matrix composite 
[Con98a] and (b) In situ Ta-rich dendritic phase reinforced Cu-based composite [Bia05a]. 
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fully glassy alloy (Fig. 2.10(b)). On the contrary, in the ex situ method, the reinforcement 
phase is added separately during the casting/processing of the alloy and stay “as-is” without 
much interaction with the matrix (Fig. 2.10(a)).  
The plastic deformation of BMGCs can be improved over their monolithic counterparts 
by modifying shear banding in the glassy matrix via incorporating a second phase of a certain 
shape, size and volume fraction into the metallic glass matrix. As a result, composites based 
on BMGs exhibit much better mechanical properties, especially enhanced plasticity, over the 
monolithic materials. For example, Hays et al. [Hay01a] have shown that the addition of a 
second phase in BMGs restricts shear band propagation, generates multiple shear bands and 
creates additional fracture surface area. However, there is a possible limitation of using fine 
particles as a reinforcement in glass matrix, whereby the plastic strain is increased but the 
yield strength is reduced [Cho01a] (Fig. 2.11). An exception was shown for graphite particle 
reinforced BMGs, where the best combination of strength and plasticity was obtained for 3–
10 vol.% (44–75 μm sized) graphite.[Sie07a] A compressive plastic strain of 18.5 % was 
achieved without losing the high yield strength of the glassy matrix (1.85 GPa). 
 
 
Figure 2.11 Yield strength and compressive plastic strain of 5 vol%, 10 vol% and optimized graphite 
reinforced BMGCs showing the high strength/ductility combination in comparison with those of other melt-
processed Zr-based foreign-particle-reinforced BMGCs. The optimized specimen has a graphite volume 
fraction of 3 vol.% with size of 44–75 μm, whereas in other cases size of 25–44 μm were used. [Sie07a] 
 
The properties of the BMGCs are dependent on the properties of the constituent phases, 
their relative amounts, and the dispersion of the reinforcement as well as on the shape of the 
particles, the particle size, their distribution, and orientation (Fig.2.12). The second 
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(reinforcing or toughening) phase in the BMGCs has been a crystalline phase or even pores, 
and its volume fraction has been chosen depending on the desired properties [Cal07a, 
Gro10h]. In other words, there is greater freedom in tailoring the microstructure and 
mechanical properties of ex situ BMGCs via adjustments of the type, shape, size, and volume 
fraction of the reinforcement phase [Fer13a].  
There are many methods to predict the overall mechanical properties of the composites: 
for example, the self-consistent variation methods [Bud70a, Les98a], mean-field theories 
[Ped83a], shear-lag theory [Nar86a], finite element method (FEM) [She94a, Don96a] and 
the rule of mixtures (ROM) [Voi89a, Reu29a, Hil29a]. Among them, the Rule of Mixtures 
(ROM) is the easiest and most intuitive method for the estimation of the effective mechanical 
properties of composites. The ROM derives the properties of composites from a volumetric 
weighted ratio of the properties of the single constituent phases [Cly95a] and has been shown 
to hold for metallic glass containing materials [Fer13a]. 
 
 
Figure 2.12 Schematic representations of the various geometrical and spatial characteristics of particles of 
the dispersed phase as reinforcement that may influence the properties of composites: (a) concentration, (b) 
size, (c) shape, (d) distribution, and (e) orientation [Fli90a]. 
 
Two mathematical equations have been formulated for the dependence of the elastic 
modulus on the volume fraction of the constituent phases for a two-phase composite. These 
ROM equations [Cho98a] predict that the Young’s modulus should fall between an upper 
bound represented by 
                    𝐸𝑐(𝑢) = 𝐸𝑚𝑉𝑚 + 𝐸𝑟𝑉𝑟                         (2.11) 
and a lower bound, or limit, 
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                                       𝐸𝑐(𝐼) =
𝐸𝑚𝐸𝑟
𝑉𝑚𝐸𝑟+𝑉𝑟𝐸𝑚
                             (2.12) 
In these expressions, E and V denote the Young’s modulus and volume fraction, 
respectively, whereas the subscripts c, m, and r represent composite, matrix, and 
reinforcement phases.  
The mechanical responses of this type of composite may depend on the direction in 
which the stress or load is applied. The properties of a composite having its reinforcing 
particles aligned are highly anisotropic, that is they depend on the direction in which they 
are measured. The strength is a maximum in the parallel direction to the continuous 
reinforcement (isostrain, Fig.2.13 (b)) and minimum in the perpendicular direction (isostress, 
Fig.2.13 (a)). If the matrix is intimately bonded to the reinforcement, the strain of both matrix 
and the second phase must be the same. This isostrain condition is true even though the 
elastic moduli of each component may be quite different. A substantially different result is 
obtained for the case of perpendicular loading of the reinforcing particles. In this case, the 
stress is assumed equal in both the reinforcement and the matrix. 
 
Figure 2.13 Schematic diagram showing (a) isostrain and (b) isostress models [Kim00a]. 
 
The other important factor to consider during the processing of any type of BMGC is 
the characteristic of the interface between the reinforcement and glassy matrix. In composite 
materials, the load is typically transferred from the matrix to the reinforcing material through 
shear at the matrix/reinforcement interface [Cly95a]. With poor interfacial strength, shear 
stress transfer is far less efficient, regardless of the properties of either phases. This may lead 
to an ineffective composite. This consideration applies more to ex situ composites than in 
situ composites. Overall, good wettability of the reinforcement phase within the matrix, 
similar thermal expansion coefficients, and Poisson ratios are important factors to address 
[Cho01a]. 
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2.3. Porous metallic glasses 
Another approach for increasing plastic deformation consists of introducing pores as a 
gaseous second phase into the material. The pores are similarly effective in delaying 
catastrophic failures resulting from shear band localization of BMGCs. In metallic glasses 
with high porosity, propagation of shear bands can even become stable, enabling 
macroscopic compressive strains of more than 80 % without fracture [Bro06a]. Therefore 
rising interest has been paid to porous metallic glasses (MGs) due to their favorable 
properties such as high strength, large elastic stains and, in the case of particular 
compositions, strong corrosion resistance combined with desirable properties at relatively 
low densities [Hue04a, Ino00a, Yan06a, Nis02a, Yim99a, Wad03a, Wad05a, Bro04a, 
Bro05a].  
The foaming process of pure metals is a challenging task because of the unstable 
structure of foams. The dynamics of bubble nucleation, growth, sedimentation, impingement, 
and collapse are in inverse proportion to viscosity. The viscosity of a pure metallic liquid at 
its melting temperature is of the order of 10-3 Pa×s [Bus00a], while the viscosity of a glass 
forming alloy at its liquidus temperature is of the order of 1 Pa×s [Lid88a]. Therefore, the 
foaming kinetics of BMGs can be expected to be drastically reduced compared to pure metals. 
The sluggish kinetics of BMG-forming liquids suggests namely better control over pore-size 
distribution, spatial homogeneity, and pore volume fraction in a foam synthesis process 
[Sch10a]. 
 
2.3.1. Fabrication processes of porous metallic glasses  
As lately reviewed [Bro06a, Bro07b], several liquid-state methods have been 
demonstrated to create Pd- or Zr-based BMG foams. The first amorphous metal foam was 
produced by means of hydrated boron oxide flux powder [Sch03a]. During this liquid 
processing, the ~20µm bubbles that are contained in the liquid Pd43Ni10Cu27P20 are expanded 
by rapidly reducing the processing pressure or/and by elevating the temperature. 
Instantaneously, the bubbly liquid was quenched to circumvent crystallization during 
solidification. This results in closed-cell foam with porosities of up to 85 vol.% and pore 
sizes ranging from 200 to 1000 µm (Fig. 2.14(a)). Similarly, ZrH2, a commonly used gas 
releasing agent, was used to foam the Fe48Cr15Mo14Y2C15B6 alloy [Dem07a]. 
An alternative method to generate pores is using beds of NaCl particles. After 
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quenching, the NaCl particles in Pd42.5Cu30Ni7.5P20 precursor were dissolved in water 
[Wad03a]. Zr57Nb5Cu15.4Ni12.6Al10 closed-cell foam was processed from the alloy (Vit106) 
by infiltration of beds of hollow carbon microspheres, yielding closed-cell synthetic foam 
with net density 3.4 g/cm3 (𝜌 𝜌𝑠⁄ = 50 %) and very small pores (25–50 µm) [Bro04a]. 
Afterward, the second foaming method was reported for Vit106, involving infiltration of 
sintered BaF2 placeholders followed by dissolution of the salt in acid baths (Fig. 2.14(b)) 
[Bro05a, Bro05b]. Densities of 1.0–1.9 g/cm3 (𝜌 𝜌𝑠⁄ = 14–28 %), with open pores with size 
~150 µm were reported. Additionally, a similar foam with porosity of approximately 40 % 
di distributed in pores of 500–1000 µm size was fabricated from the 
Zr41.25Ti13.75Cu12.5Ni10Be22.5 BMG using NaCl space holders [Qiu05a]. Hollow iron spheres 
where infiltrated using a Mg60Cu21Ag7Gd12 BMG-forming alloy [Bro07a]. 
To create fugitive phase for a porous BMG structure, a phase decomposition process 
can be employed [Mac96a] and one of the phases can be preferentially dissolved by etchant, 
leaving an open-cell porous structure [Jay06a]. Due to the length scale of the decomposition 
process the pore size of 15–150 nm in the structure is the finest reported to date, as shown 
in Fig. 2.14(c). 
A similar method was developed by Lee and Sordelet [Lee06a, Lee06b], where the 
starting two-phase composite is formed by warm extrusion of blended powder mixture rather 
than by casting. The authors showed their method by synthesizing multi layered porous 
Cu47Ti33Zr11Ni8Si1 (porosity 32%, pore sizes from <0.1 μm to ~2 μm) following selective 
dissolution of crystalline Cu [Lee06a] as well as porous Ni59Zr20Ti16Si2Sn3 (porosity, 40%; 
average pore size, 10–50 μm) by selective dissolution of brass (Fig. 2.14(f)) [Lee06b]. The 
resulting metallic glasses are distinguished from those of Jayaraj et al. [Jay06a] by their 
highly elongated pore structures, which result from extrusion of the powders before the 
chemical dissolution (Fig. 2.14(e)). The above review proves the rapid advances made in 
creating amorphous metal foams and porous metallic glasses. Methods now exist for 
producing foams and porous structures from various amorphous alloys (Ti-, Ni-, Cu, Zr-, 
Pd-, and La-based), with both isolated and fully interconnected pore structures consisting of 
spherical or angular pores with equiaxed or elongated shapes. Pore sizes ranging from the 
sub-micrometer to the millimeter scale and porosities ranging from 2 % to more than 85 % 
have been reported. 
Moreover, heterogeneous nucleation during cooling is possible due to reaction with or 
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to contamination by the foaming agents such as salts and hydrogen. Despite the successful 
fabrication of porous metallic glasses with different architectures using various techniques, 
the previously reported materials [Wad03a, Wad05a, Bro04a, Bro05a] have minimum pore 
sizes that are restricted to the micro-scale as a result of their fabrication technique. For use 
in functional applications, however, it is desirable to develop much smaller pore sizes (e.g., 
<500 nm) in order to achieve high specific surface areas to enhance reactivity. 
 
 
Figure 2.14 Amorphous metallic foams (AMF) and porous metallic glasses synthesized through different 
methods [Sch10a] a) Pd43Cu27Ni10P20 AMF with ~80 % porosity [Sch03a]. b) Zr-based AMF with ~80 % 
porosity [Bro05c], c) porous Pd42.5Cu30Ni7.5P20 with up to 64 % porosity produced by liquid expansion of 
hydrogen pores [Wad04a], d) melt infiltration of La2O3 compact with Zr-Nb-Al-Ni-Cu resulting in open-cell 
AMF [Wad07a] e) Selective dissolution of one phase from a two-phase Ti-based metallic glass [Jay06a] f) 
Porous Ni59Zr20Ti16Si2Sn3 metallic glass[Lee06b]. 
 
2.3.2. Properties  
Pores in metallic glass obstruct the propagation of shear bands. Two main mechanisms 
of hindering shear-band propagation have been known: shear-band disruption and shear-
band stabilization [Bro07b]. Shear-band disruption by interruption of pores relies on the 
same mechanisms active in glass matrix composites like solid reinforcement when their 
paths intersect, favoring branching of those bands and/or nucleation of new bands. The local 
stress fields are also perturbed by pores in the surrounding matrix and thereby deflect shear 
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bands (increasing their path length, and hence the energy they dissipate) or even stack them 
by diminishing the local stresses that drive their motion [Lew06a, Wad05a]. Unlike solid 
inclusions, however, pores is also able to roll as blunt cracks in amorphous metals, large 
crack tip radii favor multiple shear banding and are attended by increases in toughness that 
are abnormally large relative to crystalline metals [Lew06a]. 
To demonstrate the effectiveness of pores in improving the plasticity and energy 
absorption of metallic glasses, several compressive stress–strain curves for porous 
amorphous metals with porosities between 3.7 and 82 % are conducted as shown in Fig. 2.15 
[Bro05a]. For comparison, the stress–strain behavior of a fully-dense Pd42.5Cu30Ni7.5P20 
sample (which is the base alloy for most of the curves) is also shown [Wad04a]. With 
increased porosity, the porous samples show reducing strength and stiffness, along with 
remarkable increasing plasticity and progressively “flatter” stress–strain behavior. Most 
remarkable are the extremes of the behavior: a large effect on plasticity is already visible at 
very low porosities near 4 %, where strength and stiffness are only minimally affected, while 
at the highest porosities, compressive plasticity becomes comparable to that of foam 
materials made from highly ductile crystalline metals such as aluminum [Bro07b].  
Accordingly, porous amorphous metals could find possibility in a variety of potential 
applications, from structural materials (where high strength is required) to energy absorption 
or packaging applications (where low load transfer, i.e., low flow stresses, are needed in 
combination with large compressive failure strain to maximize energy absorption) [Ash05a]. 
The use of metallic glasses as matrix materials for metallic foams, therefore, promises 
extremely strong foams [Ban13a]. Brother et al. [Bro05c] show that better energy absorption 
capacity can be achieved for low-density Zr-based metallic glass foams, when compared on 
a volumetric basis, than crystalline aluminum-based foams, and their higher strength could 
make them useful in the protection of sturdier foam-core components for vehicles. 
    Table 2.2 reviews the potential applications of porous crystalline metals and metal foams, 
emphasizing the relevant properties that make them suitable for that actual application 
[Ash00a]. Among the various applications, porous BMGs would also give the other 
fundamental benefits of BMGs (Table 2.1) like high strength and large elastic energy return, 
wear resistance, and, in certain cases, corrosion resistance and unique magnetic properties 
[Yav07a]. Such properties might also recommend open-cell amorphous metals with high 
surface area for thermal management applications such as fluid filters or heat exchangers. 
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However, the successful fabrication of porous MGs with different architectures using various 
methods, the previously reported materials [Wad03a, Wad05a, Bro04a, Bro05a] have 
minimum pore sizes that are restricted to the macro- or micro-scale as a result of their 
fabrication technique. For use in functional applications, therefore, it is desirable to develop 
much smaller pore sizes (e.g., <500 nm) in order to achieve high specific surface areas to 
enhance reactivity [Lee06a]. For example, the nano-porous Cu47Ti33Zr11Ni8Si1 MG with 
higher specific surface area (23.5 m2/g) [Lee06a] might be more useful for functional foams 
(or porous media) than the nano-porous Au membrane (2 m2/g) reported by Erlebacher et al. 







Figure 2.15 Compressive engineering 
stress–strain curves for several porous 
metallic glasses at intervals of 
approximately 20 % porosity P. All but the 
highest-porosity material (which was 
processed from Zr57Nb5Cu15.4Ni12.6Al10) 
were processed from Pd 42.5Cu30Ni7.5P 20 




Due to the lift of geometrical constrains to the critical casting thickness, but equally 
important, precise control over porous distribution and volume fraction, porous MG 
synthesis methods based on thermoplastic expansion are most promising for the fabrication 
of larger parts, typically used in structural applications. Liquid processing limits the metallic 
glass foams to below its critical casting thickness but porous metallic glass foams represent 
a promising new step toward the engineering application of amorphous metals by enabling 
mechanical properties and density to be varied across a wider range than is possible using 
monolithic alloys or composites. 
 




Table 2.2 Potential application areas for porous metals and metal foams [Ash00a]. 
 
By controlling the levels of porosity, compressive strength and stiffness can be varied 
from near-maximum values (e.g., for structural components) to almost arbitrarily low values 
(e.g., for energy absorption applications), whereas compressive failure strains can be varied 
from ~2 % to more than 80 %. Porosity introduction can optimize density-compensated 
mechanical properties and tailor other properties such as fluid permeability, specific surface 
area, and acoustic damping to meet the requirements of applications such as loadbearing 
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2.4. Powder metallurgy route: production and consolidation  
Powder metallurgy (P/M) is a method of producing materials by compacting or shaping 
metal powders, which may be simultaneously or subsequently heated to create a coherent 
object. It includes powder fabrication, testing, and handling steps [Ger94a]. P/M has an 
inherent potential to produce customized-, high-performance materials with the combination 
of shape-making technology with the development of the desired microstructures and 
properties (physical and mechanical) [San97a]. This processing route can be used specially 
as an effective method for fabricating customized objects with special microstructures not 
obtainable by other techniques [Hir69a]. 
The P/M process (Fig. 2.16) to manufacture the final product begins with the making 
of a powder mix. In this step, the starting powders having the desired size, shape, structure 
and composition are mixed in a device that ensures their homogeneous distribution. The 
powder mixture is then pressed within a rigid die at room temperature. This is the compaction 
stage, which is necessary to densify the loose powder into a green compact that has sufficient 
strength for handling [Hir69a]. The green body contains pores between the individual 
particles which amount to porosities between 60 and 10 vol.%. In order to produce a highly 
dense material by eliminating the pores, the green compact is heat-treated (generally under 
protective atmosphere) below the melting temperature of the main constituents. This process 
is defined as sintering and it is driven by a reduction in solid-vapor interface area [Ger94a]. 
The two steps of compaction and sintering can be combined into one single operation, at 
which pressure and heat are applied simultaneously, such as hot pressing and hot extrusion 
[Hir69a]. 
The geometries such as splats, thin foils, ribbon and powders of metallic glasses are not 
suitable for many engineering applications which require the product to be more complex in 
shape and relatively large in all three dimensions, as for example, a low hysteresis 
transformer core fabricated from a ferro-magnetic glassy alloy [Lub83a].  Accordingly, 
many researchers have been investigated several methods to overcome this limit. P/M is one 
of the methods to improve the size/shape drawback.  
The synthesis of amorphous powders via powder metallurgy has often shown various 
structural options, since the unique properties of BMG can be achieved for the fabrication 
of large sized monolithic amorphous metal and composite systems as well. Several 
alternative processes have been carried out in order to produce bulk amorphous alloys by  




Figure 2.16 General steps in the P/M process [San98a] 
 
consolidation of amorphous powders or ribbons [Kat96a, Lee03a, Zho98a]. Such processes 
are based on the dramatic softening of the BMG when heated into the SCLR (Super-Cooled 
Liquid Region). The glass-transition temperature and the softening in the SCLR permits the 
use of processing temperatures and pressures that are comparable to those of plastics for 
some BMGs [Sch06a]. These include plasma spraying, cold compaction studies, explosive 
compaction, warm die compaction, warm extrusion and dynamic compaction. 
The next section will present the P/M processes focusing on metallic glass powder 
production, powder consolidation and applicable theory governing the ball milling 
technology and hot consolidation studies to produce three-dimensionally bulk samples from 
metallic glassy powders. 
 
2.4.1. Powder production processes 
Production of metal powders is used to widen the spectrum of metal powders to meet 
the requirements of a large variety of applications. The majority of metals can be produced 
as powders [Lyn98a]. Several fabrication processes enable the precise control of the 
chemical composition and the physical properties of the produced powders, and allow 
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modification of specific characteristics for targeted applications. Development and technical 
innovation in metal powder production processes constantly consider the quality of the final 
product, the costs, and the performance requirements of existing and emerging applications 
[Dow90a, Ger94a, San98a]. 
The metal powder production methods commonly include water and gas atomization, 
ball milling, electrolysis and chemical methods including the reduction of oxides [Lyn98a]. 
The physical and chemical properties of the material as well as the needed production rates 
are the important factors in order to choose the appropriate techniques for powder 
manufacturing [Dow90a, Ger94a]. For instance, chemical and electrolytic production 
methods are useful for producing high-purity powders [Lyn98a]. Atomization technique can 
be used to produce a variety of different metal powders with desired shapes by splitting a 
liquid metal stream through a nozzle and disintegrating it by a water or gas jet [Dun86a, 
Sch97a].  
Metallic glassy powders have been also produced by various powder production 
techniques. In the first process, the powder particles results from the quenching and 
solidification of discrete droplets of melt (atomization techniques). In the second process, 
the powder results not only from the chopping or comminuting of ribbons or filaments of 
amorphous alloys (commination techniques), but also from mechanical alloying using ball 
milling. Ball milling is a powder production method that can minimize many of the 
limitations of current alloying and permits the preparation of alloys and composites, which 
cannot be synthesized via conventional casting or rapid solidification routes [Sur04a]. The 
third process is spark erosion as a method for producing fine particles [Pol78a, Cah80a]. 
The comminuted metallic glassy powder from glassy ribbons, however, is usually not 
suitable for consolidation processing because of its embrittled state [Lub83a]. Furthermore, 
particle geometries, that are approximately equiaxed as compared with comminuted powders, 
have an inherent advantage in producing good interparticle bonding during consolidation. 
This is because of the high degree of interparticle shear that occurs during densification, 
which acts to abrade surface oxides and expose uncontaminated surfaces for bonding. Thus, 
the comminuted powder, which has irregular polygonal shape, will not be discussed here 
[Lub83a]. 
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2.4.1.1. Atomization techniques 
The atomization processes to produce powders may be reduced to two sequential steps: 
liquid metal droplet formation and droplet quenching [Lub83a]. The impinging gas or water 
jets disrupt the melt stream into an inverted hollow cone which continuously forms, 
disintegrates and re-forms during the atomizing process. The wall of the cone, a thin sheet 
then breaks up into tubular ligaments and the ligaments into droplets under the dynamic 
forces present. Apparatus outlines of atomization techniques are shown in Fig. 2.17. 
 
 
Figure 2.17 Apparatus outlines of (a) rotating disk atomization, (b) gas or water atomization, (c) gas-liquid 
atomization, (d) roller atomization and electro hydrodynamic atomization [Lub83a].  
 
The quench rate during processing depends largely on the melt droplet size and on the 
type of atomization gas used [Lub83a]. When the kinetic energy of the jets increases, the 
broken ligaments are further fragmented into droplets which can reach very small sizes (of 
the order of a few microns). This is accomplished by several interrelated operating 
parameters. These include jet impingement distances, jet pressure, nozzle design, velocity 
and mass flow rate of gas and metal, metal superheating, angle of impingement, metal 
surface tension and the melting range in case of alloy powder production [Cah91a]. Inert gas 
atomization is a commonly used process for the production of superalloys, titanium and other 
reactive metal powders [Cah91a]. Typically, the gases used are argon and helium. The yield 
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of powders can go to as high as 80 %. Typical solidification rates achievable are 105-106 K/s, 
especially for powder particles of size less than 30 μm [Cah91a]. In this thesis, Ar-gas 
atomization has been used to synthesize the Ni59Zr20Ti16Si2Sn3 alloy. 
 
2.4.1.2. Ball milling 
The denotation of two different terms for the high-energy ball milling processes has 
been commonly discussed in the literature. Mechanical Alloying (MA) is the process when 
a mixture of powders (of different pure metals or compounds) is milled together to obtain a 
homogeneous alloy by material transformation [Sur01b], while milling of charged uniform 
(often stoichiometric) composition powders, such as pure metals, intermetallics, or 
prealloyed powders, where no material transformation occurs for homogenization, has been 
termed Mechanical Milling (MM) [Sur01b]. The MM needs short milling time in 
comparison with MA, because the powders are already alloyed and only a reduction in 
particle size and/or other transformations need to be induced mechanically [Sur01b]. For 
example, MM may need half the time required for MA to achieve the same effect [Sur01b, 
Esk01a]. Additionally, MM of powders reduces oxidation of the constituent powders, related 
to the shortened time of processing [Sur01b]  
 
 
Figure 2.18 The illustration of the basic event occurring during ball milling showing the trapping of powder 
particles between colliding balls [Sur01a]. 
 
The basic milling mechanism characterizing all types of ball mills is the ball-powder-
ball collision, as illustrated in Fig. 2.18. During milling, the powder particles are repeatedly 
flattened, cold welded, fractured and re-welded. Whenever two steel balls collide, some 
amount of powder is trapped between them [Sur01a]. The heavy plastic deformation along 
Chapter2. Theoretical background 
 
36 
with fracture and cold-welding of the milled particles is induced by the impact [Esk01a, 
Sur04a]. Due to the random process, the flat soft particles get stacked and form a layered 
structure. On continued milling, these layered structures get convoluted. This process of 
convolution continues with milling time and the layer spacing is significantly reduced. 
Additionally, the milled powder particles also contain a high density of crystal defects 
(dislocations, stacking faults, grain boundaries, etc.) [Lub83a] 
In the milling procedure, the starting material powder is loaded into the milling 
container (vial) along with the milling balls (usually stainless steel or tungsten carbide or 
other hard materials) under inert atmosphere. The vial is then rotated inside the mill and the 
whole mass is violently agitated for the desired length of time. Depending on the type of mill 
used, the powder is subjected to shear, impact, or other types of mechanical forces [Sur04a]. 
Most of the properties of the milled powder, which is the final product, such as the particle 
size distribution, the degree of disorder, or amorphization, and the final stoichiometry, 




Figure 2.19 Schematic presentation of the main factors that affect the MA process [Esk01a]. 
 
Planetary ball mill 
In this study, a planetary ball mill was employed to fabricate BMG composite powders 
as precursors. The planetary ball mill owes its name to the planet-like movement of its vials. 
The planetary mill is one of the most used milling tools in advanced materials research area 
[Sur01b], as it meets all the requirements for fast and reproducible grinding and exceeds the 
submicron range, which indicates its excellent property.  
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In this mill, the centrifugal force produced by the vials rotating around their own axes 
and the rotating support disk both act on the vial contents, consisting of material to be milled 
and the balls [Sur01b]. Since the rotating directions of the support disc and the vial are 
opposite, the centrifugal forces are alternately synchronized and opposite to each other. 
Therefore, the milling stock and balls alternatively roll on the inner wall of the vial, and are 
lifted and thrown off across the bowl at high speed caused by gravitational acceleration as 
function of centrifugal force, as schematically presented in Fig. 2.20 [Esk01a, Sur04a]. 
 
 
Figure 2.20 Movement of the powder and milling balls inside a planetary ball mill [Esk01a]. 
 
Mechanical Alloying (MA) and Mechanical Milling (MM) 
The mechanism of MA is different from MM of single-phase materials because it allows 
the material transformation to homogenize the composition of the powder particles along 
with their size and structure refinement. As a result, the primary aspect of powder processing 
by MA is the reduction of the diffusion distances between the different phases. In the first 
stage of MA, the powder mixture is coldwelded and plastically deformed. This leads to a 
multiple layered structure, which consists of various combinations of the starting 
constituents, as shown in Fig. 2.21 [Kim12a]. 
Figure 2.21 shows that the width between individual layers as well as the diffusion 
distances required to homogenize the structure decrease with increasing the milling time. 
The width of the layers continuously decreases up to a point where alloying begins to occur 
due to the combination of decreased diffusion distances (interlayer spacing), increased lattice 
defect density, and any heating that may have induced during the milling operation [Sur01a]. 
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The MA technique provides an additional advantage over MM; it can produce homogeneous 
super-saturated mixtures. Additionally, one of the biggest advantages of the MA method is 
that this technique could be used to easily produce amorphous phases in those systems where 




The new stable or metastable phase from intermetallic compounds can be formed 
depending on the milling conditions. For example, the solid-state amorphization from the 
starting intermetallic compounds needs less energy to overcome the energy barrier (normally 
about 5 kJ/mole) because the intermetallic compound contains sufficient energy but not large 
enough to cause amorphization [Zha04a]. The energy increase of the intermetallic compound 
can cause structural imperfections, such as vacancies, dislocations, grain boundaries and 
anti-phase boundaries and disordering of the crystal structure. It shows that the imperfection 
can only accumulate free energy to a certain extent, which is insufficient to allow the 
amorphization. On the other hand, the energy stored through reducing the grain size to a 
nanometer level and the introduction of disorder are believed to be the major mechanisms 
for overcoming the thermodynamic barrier for amorphization [Koc97a]. 
The effect of the processing parameters on amorphization has been investigated for 
several alloy systems. The important parameters studied include milling intensity (type of 
mills, milling speed, BPR) and milling temperature [Cas02a]. The increase of milling energy 
(achieved by a higher BPR value or by increasing the milling speed) is normally expected to 
Figure 2.21 Typical layered microstructures produced by mechanical alloying at different milling time 
[Kim12a]. 
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introduce more strain and increase the defect concentration in the powder and, thus, easily 
induce amorphization. However, higher milling energies also lead to increases the 
temperature and this can result in the formation of a nanocrystalline phase instead of the 
amorphous phase. Therefore, a balance between these two effects will control the nature of 
the final product [Cas02a]. 
 
The criterion for phase transformation during milling 
Phase transformations during milling are considerably dependent on the kinetic aspects 
occurring during the process. Eckert et al. analyzed these kinetic competing reactions 
[Eck90a]. This is particularly important when different (stable and metastable) phases 
compete for the end product. The thermodynamically stable state of an alloy system is 
determined by a ground state in the Gibbs free energy G. In metallic systems, the Gibbs free 
energy of the equilibrium crystalline state Geq is always lower than that of the metastable 
phases Gmeta below the melting temperature. In order to form a metastable phase by ball 
milling, the free energy of the equilibrium phase has to be firstly risen to a state G0 (Fig. 
2.22). This highenergy state can be achieved by ball milling through the mechanisms 
explained previously. The free energy of the system can be then lowered from G0 either by 
the formation of the metastable phase with free energy Gmeta or by the formation of the 
equilibrium phase. The equilibrium phase is thermodynamically favored, since the driving 
force Geq = (G0 - Geq) is larger than that for metastable phase formation Gmeta= (G0 - Gmeta). 
However, the formation of equilibrium or metastable phases depends on thermodynamic as 
well as on kinetic factors. The formation of the metastable phase is then possible if the 
system is kinetically restricted from reaching the equilibrium state of lower free energy, i.e. 
metastable phase formation proceeds considerably faster than the formation of the 
equilibrium phase from the initial state G0. At the same time, the metastable phase must not 
transform into the equilibrium phase as the reaction proceeds, i.e. the timescale for 
transformation of the metastable phase must be longer than that of metastable phase 
formation. 
These kinetic constraints can be summarized as [Sch94a, Eck90a, Sch88a]: 
𝜏0 → 𝑚𝑒𝑡𝑎 ≪  𝜏0 → 𝑒𝑞              (2.13) 
𝜏0 → 𝑚𝑒𝑡𝑎 ≪  𝜏𝑚𝑒𝑡𝑎→𝑒𝑞   ,          (2.14) 




Figure 2.22 Schematic representation of the basic principles of metastable phase formation by ball milling 
(after [Sch94a, Sch88a]). 
 
where 0meta and 0eq are the characteristic reaction times for the formation of the 
metastable and equilibrium phases, respectively, and metaeq is the timescale for the 
transformation of the metastable phase. 
 
2.4.2. Powder consolidation 
Consolidation of powders into bulk samples is an important stage in the P/M process 
[Dow90a]. In this step, the powder is consolidated into desired shape with required density 
with close dimensional tolerance [Hir69a]. The final properties as well as the microstructure 
of the sintered body are determined by the choice of powder composition and by the selection 
of the process parameters. The practical issues in the powder-forming industries are related 
to mechanical strength, control of microstructure, avoidance of cracks and defects, content 
uniformity, etc. This as-pressed shape (i.e. the green compact) is then heated to elevated 
temperatures to achieve full density [Lyn98a]. On some occasion, however, heating and 
pressing are applied to consolidate powder at the same time. Some of the methods commonly 
used for such purposes are hot pressing, hot extrusion, hot isostatic pressing, and other 
recently developed methods such as spark plasma sintering. 
 
2.4.2.1. Thermoplastic Forming (TPF) 
An alternative processing method to directly casting of BMGs is the thermoplastic 
forming process [Sch10a], as schematically shown in Fig. 2.23. In the TPF process, the 
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forming and cooling to render the amorphous state during solidification are decoupled. In 
the injection casting procedure, the glass-forming melt is processed directly from the melt 
into its final shape (Fig. 2.23, dashed line). The melt is firstly undercooled to a temperature 
below the nose at a cooling rate high enough to bypass the nose of the TTT diagram. Then, 
at the temperature below the nose (but above the glass transition temperature,  𝑇𝑔 ), the 
material can be injected in a way similar to polymer melts, as the viscosity is higher than in 
conventional melts but still low enough (<109 Poise) to allow for injection molding [Gro10e]. 
The thermoplastic forming process is shown by the red solid line in Fig. 2.23. Here the glass-
forming melt is quenched into a glass (i.e., to a temperature below 𝑇𝑔) at a cooling rate high 
enough to avoid crystallization.  
 
Figure 2.23 Schematic TTT diagram and processing methods for metallic glasses in the supercooled liquid: 
injection casting (black dashed line) and thermoplastic forming (red solid line) 
 
The metallic glass in various forms can then be loaded as feedstock material (in the 
form of small spheres, for example) at room temperature for extended periods of time 
without any effect on the microstructure [Gro10e]. For processing in the super-cooled liquid 
region, the material is then heated to a temperature above 𝑇𝑔  (but below the nose 
temperature) and formed. For TPF processing of bulk metallic glasses, the processing 
temperature should not be too high, in order to avoid crystallization, or too low, to facilitate 
forming, as the viscosity increases abruptly with decreasing temperature and the maximum 
force to be applied during forming is often limited [Gro10e]. Furthermore, the available 
processing time for TPF is well determined and thereby reproducible, a prerequisite for a 
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robust and high-yield manufacturing process [Sch10a]. The option of slow cooling after the 
forming process can be used to essentially release internal stresses, whereby high 
dimensional accuracy in complex geometries can be achieved [Sch10a].  
As shown in Fig. 2.24, various synthesis techniques, such as compression molding, 
injection casting, rolling and extrusion [Sch10a], are employed for BMG products and a 
summary of the TPF-based processing advantages and disadvantages is given in Table 2.3 
[Sch10a].  
 




Table 2.3 Advantages and disadvantages of TPF-based BMG processing [Sch10a].  




Figure 2.24 Images of BMGs in various forms by TPF techniques (a) injection-molded metallic glass [Gro10e], (b) pellets used as feedstock material to compression 
mold Pt57.5Cu14.7Ni5.3P22.5 [Sch07a], (c) Zr 44Ti11Cu 10Ni10Be25 BMG formed from a flat plate to create an embossing mold, (d) Zr 44Ti11Cu 10Ni10Be25  tube and bottle by 
blow molding [Sch10a], (e)(f) examples of surface replication (embossing) on the miniature length scale (millimeter to micrometer) and (g) extruded Zr44Ti11Cu10Ni10Be25 
wire [Chi09a]. 
 
Chapter2. Theoretical background 
 
45 
2.4.2.2. Hot pressing 
Hot pressing is a method to manifest stress-enhanced densification. Similar to die 
compaction, hot pressing is employed in a rigid die using uniaxial pressurization using punch 
as drawn in Fig. 2.25. Hot pressing is a particularly suitable method for compaction of 
materials with poor sintering behavior. At elevated temperatures components of mixture are 
softer and, therefore, it is usually possible to lead to dense sintered body by heating and 
pressing simultaneously. By using hot pressing it may be possible to combine with a separate 
sintering operation. Due to the simultaneous application of temperature and pressure, it is 
possible to reach near full density in a wide range of hard-to-work materials [Dow90a]. 
Additionally, hot pressing serves better results using many kinds of powder shapes and sizes 
in comparison with conventional cold pressing and sintering [Upa02a]. 
During hot pressing the initial compaction is by powder rearrangement and plastic flow 
at the powder particle contacts. Once the operative stress acting at the particle contacts drops 
below the in situ yield strength, then further densification is performed by diffusion rates. 
The mechanical and physical properties of the hot-pressed compacts depend on the 




Figure 2.25 Schematic illustration of hot pressing. Uniaxial hot pressing relies on die and punches with 
external heating [Gro10a]. 
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2.4.2.3. Hot extrusion 
Hot extrusion can also be used to consolidate the powder. Hot compaction and hot 
mechanical working are combined in hot extrusion to produce fully dense products. A simple 
hot extrusion system is given in Fig. 2.26 [Dow90a].  
During extrusion hydrostatic compressive stresses and shear forces act on the powders 
[Dow90a]. In powder extrusion, the powder mix is pre-compacted into a billet by hot 
pressing. The can serves as a container not only for degassing, removal of moisture but also 
to protect the powder from contamination from the atmosphere, extrusion lubricants and 
tooling [Dow90a].  
In hot extrusion, there are many major parameters; the working temperature, the 
extrusion ratio, the working pressure, the ram speed and the frictional conditions and 
lubrication. Among them, the extrusion ratio (the ratio of the initial cross-sectional area of 
the sample to the final cross-sectional area after extrusion) is the main factor for achieving 
the desired density [Dow90a]. Hot consolidation of reactive powders can be carried out in 
protective atmosphere (e.g. inert gas) or under vacuum. The latter offers the additional 
advantages of removing air from the powder body, thus eliminating the possibility of air 
entrapment [Upa02a]. Early research on extrusion of BMGs was on consolidating BMG 
powder and processing in the SCLR. Kawamura and co-workers established this method 
[Tak92a, Kat94a] and succeeded fabrication of full strength compacts using Zr-Al-Ni-Cu 
powders [Kaw95a , Kaw96a]. 
Extrusion was also employed as a consolidation and synthesis method for BMG 
composites through partial crystallization [Kat94a, Ino01b] or through mixing amorphous 
metal powder with crystalline particles [Bae03a, Lee03b]. These processes must be 
exercised in optimizing the consolidation method and the working parameters, as exposure 
to high pressure and temperature for extended periods of time will result in extensive 
diffusion occurs, rapidly transforming and losing the beneficial and desired structure 
achieved through MA. Precipitation of metastable or stable phases may occur in 
supersaturated solid solutions, metastable crystalline and quasicrystalline phases may 
transform into equilibrium phases, the structure may coarsen, and an amorphous phase could 
crystallize. Thus, the range of consolidation parameters is restricted and innovative methods 
of consolidation may be required [Gro99a]. 
 




Figure 2.26 Schematic hot extrusion process 
 
 
Figure 2.27 (a) Schematic illustration of SPS and (b) Photo of SPS-20 machine. 
 
2.4.2.4. Spark plasma sintering 
Spark Plasma Sintering (SPS) is also known as pressure-assisted resistance or electric-
discharge sintering, discharge powder compaction, electron consolidation, plasma activated 
sintering, field-assisted sintering, electric pulse sintering, and pulse electric current sintering. 
The schematic diagram of a typical SPS machine is shown in Fig. 2.27(a). While similar in 
some aspects to HP, the SPS process is characterized by the application of the electric current 
through a power supply, leading to very rapid and efficient heating .The heating rate during 
the SPS process depends on the geometry of the container/sample ensemble, its thermal and 
electrical properties, and on the electric power supplier. Heating rates as high as 1000 °C/min 
can be achieved. As a consequence, the processing time typically takes some minutes 
depending on the material, dimensions of the piece, configuration, and equipment capacity. 
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3. Sample preparation and characterization 
The object of this study is the fabrication of Ni59Zr20Ti16Si2Sn3 monolithic BMG and 
composites as well as of porous Ni59Zr20Ti16Si2Sn3 metallic glass with high surface area by 
powder metallurgy. In order to achieve this goal, brass reinforced Ni59Zr20Ti16Si2Sn3 
composite precursors were produced under the optimized parameters based on the 
crystallization behavior of the Ni59Zr20Ti16Si2Sn3 alloy. Glass-brass composite powders were 
prepared by mechanical milling to generate micro-and nano-porous structure in porous MGs. 
Hot pressing, hot extrusion and spark plasma sintering were employed to consolidate the 
powders. Additionally, as-gas atomized Ni59Zr20Ti16Si2Sn3 glassy powder was consolidated 
by hot pressing at temperatures within the SCL region for comparison and the 
characterization of consolidated samples was carried out.  
In order to fabricate porous MGs, the fugitive phase should be removed by acid solution. 
Therefore, preliminary tests were carried out to optimize the dealloying parameters using 
chemical selective dissolution, i.e concentration of etchants and immersion time. The 
dissolved element into the acid solution after dissolution was analyzed by ICP-AES 
(Inductively Coupled Plasma Atomic Emission Spectroscopy) and BET surface 
measurement was carried out to confirm the porosity according to the immersion time. The 
characterization of consolidated bulk samples was performed by various methods. The 
details are described in this chapter. 
 
3.1.  Materials 
3.1.1. As- gas atomized Ni59Zr20Ti16Si2Sn3 powder 
Ni59Zr20Ti16Si2Sn3 glassy powder, produced at Ames lab (USA), was fabricated 
according to the following process: a master ingot of nominal composition Ni59Zr20 Ti16 Si2 
Sn3 (at.%) was prepared by induction melting high-purity elemental constituents (electron 
beam melted Ni 99.999%, crystal bar Zr 99.99%, Ti sponge 99.99%, Si 99.9%, and Sn 99.9%) 
in a yttria-stabilized zirconia crucible under the Ar gas atmosphere. The homogenized 
molten alloy was poured into a 5-cm diameter water-cooled Cu mold. The Ni59Zr20Ti16Si2Sn3 
powder was produced by high pressure Ar gas atomization at a dynamic pressure of 2.8 MPa 
after heating to 1623 K using a close coupled annulus with a melt delivery nozzle 3.2 mm in 
diameter [Lee03a]. Following the atomization, the spherical atomized powder (Fig.3.1) was 
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screened to below 150 μm based on the structure characterization of the atomized 
Ni59Zr20Ti16Si2Sn3 powder with particle size ranges by XRD as shown in Fig. 3.2(a) 
[Lee03a]. The size of the glassy powder used in the present study is d < 63 μm (d is the 
diameter of the powder particles) and Fig. 3.2(b) shows the typical XRD pattern taken from 
the glassy powder. 
 
 
Figure 3.1 SEM images of atomized Ni59Zr20Ti16Si2Sn3 powder 
 
Figure 3.2 (a) XRD patterns of atomized Ni59Zr20Ti16Si2Sn3 powder with particle size ranges of <10, 38–45, 
63–75, 90–106 and 125–150 µm [Lee03a]. (b) XRD pattern of the Ni59Zr20Ti16Si2Sn3 powder (d < 63 μm) 
used in this study. 
 
3.1.1.1. Crystallization behavior of Ni59Zr20Ti16Si2Sn3 
The consolidation of glassy powders is not an easy task and the accurate control of the 
sintering parameters, e.g., pressure, temperature and holding time, is crucial to obtain fully 
dense specimens without inducing the crystallization of the Ni59Zr20Ti16Si2Sn3 glassy phase 
[Scu08a, Scu09a, Kaw95a, Eck97a, Esk06a, Scu09b]. The onset time of crystallization is 
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the limiting factor in terms of warm consolidation processing metallic glasses in the 
undercooled state, hence the thermal stability of the glassy powder needs to be investigated 
in detail.  
The thermal stability of the Ni59Zr20Ti16Si2Sn3 powder was investigated in both 
isochronal and isothermal mode by differential scanning calorimetry using a PerkinElmer 
DSC 7 under a high purity argon flow. The isochronal DSC measurements were made up to 
a temperature of 903 K at heating rates ranging from 5 to 60 K/min. The isothermal DSC 
measurements were carried out at temperatures between 845 and 865 K. The samples were 
first heated to the desired annealing temperature at a heating rate of 40 K/min and then held 
isothermally for a certain period of time. For all the DSC measurements, two successive runs 
were recorded with the second run serving as the base line. The viscosity of the powder as a 
function of the temperature was measured by parallel plate rheometry using a PerkinElmer 
TMA7 thermal mechanical analyzer at different heating rates (20 and 40 K/min).  
The phases of the samples were characterized by X-ray diffraction (XRD) using a 
Philips PW 1050 diffractometer (CoKα- radiation).  
 
3.1.2. 𝛂 −Brass 
Brass particle was used as second phase. The generic term ‘brass’ means copper-zinc 
alloys. There are still individual bronzes and brasses today, but far more ternary mixtures of 
Cu:Zn:Sn (Bronze, Cu:Sn) are more commonly called brass. There are other brass mixtures 
containing Pb, Al, Ni, Mn, P, and Fe in addition to Sn. Brass is more widely used as it is not 
as brittle as bronze, and is more easily fabricated.  
The second phase should be deformed during consolidation at temperatures within the 
SCLR of the glassy phase and, additionally, it needs to be easily corroded in comparison 
with the amorphous phase during the dealloying process. The 𝛼-brasses are termed cold 
working brasses when they contain a minimum of 63 % of Cu, as shown in Fig. 3.3. The 
brass shows ductility at room temperature, and can be extensively deformed by rolling, 
drawing, bending, spinning, deep drawing, cold heading and thread rolling due to FCC 
structure [Cal96a]. Hence, the 𝛼-brass powder was chosen as second phase in this study.  
The brass powder is obtained commercially and the composition is Cu 27 wt.% Zn 1wt.% 
Al with a density 8.36g/m3. Figures 3.4(a) and (b) show OM images of the 𝛼-brass powder. 




Figure 3.3 Cu-Zn partial phase diagram [Cal96a] 
 
 
Figure 3.4 OM images of irregular alpha brass particles.   
3.2. Mechanical milling 
One of the aims of this thesis is to fabricate porous metallic glasses with high surface 
area using the powder metallurgical method. In order to generate these structures with glassy 
matrix and fugitive phase, mechanical milling is employed. 
Milling experiments starting from powder mixtures consisting of Ni59Zr20Ti16Si2Sn3 
atomized powder blended with 40 vol.% brass particles were carried out using a Retsch 
PM400 planetary ball mill and hardened steel balls and vials (see Fig.3.5). The starting 
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material for the milling experiments (typically 30 g) was charged in the milling vials 
equipped with a flexible “O”-ring, together with 10 mm-diameter steel balls to give a ball-
to-powder mass ratio of about 10:1. Then the powder was milled for 5, 10, 15, 20, 25, 30, 
40, 50, 60 and 100 h at a milling intensity of 150 rpm, as a sequence of 15 min milling 
intervals interrupted by 15 min break in order to avoid a strong temperature rise during 
milling. To avoid or minimize possible atmosphere contamination during milling, vial 
charging and any subsequent sample handling were carried out in a Braun MB 150B-G glove 
box under purified argon atmosphere (less than 1 ppm O2 and H2O) and following the 
mechanical milling, the composite powder was screened to below 125 μm. 
In addition, an alternative milling experiment with only the Ni59Zr20Ti16Si2Sn3 glassy 
powder was carried out to analyze any influence of mechanical milling on the metallic glass 
powder during the milling process using the same parameters which above mentioned.   
The oxygen content of the milled powders was determined by carrier gas hot extraction, 
using a Leco TC-436-DR equipment. Additionally, ball milled powders were analyzed by 
EDS (Energy-dispersive X-ray spectroscopy).  
 
   
Figure 3.5 Image of plantary mill Retsch PM400 planetary ball mill. 
 
3.3. Powder consolidation  
In order to produce bulk Ni-based-brass composites, blended powder mixtures and the 
milled composite powders were consolidated by two consolidation methods: hot pressing 
and hot pressing followed by hot extrusion. Ball milled composite powders with particle 
sizes of d < 450 µm and d < 125 µm were used in the consolidation experiments in order to 
vary the microstructure of the sintered samples. Additionally, Spark Plasma Sintering (SPS) 
was employed to fabricate isotropic arranged porous MGs to compare the influences of 
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fabrication methods on alignment of pore and shape of porous MGs. The sintering 
parameters were selected after detailed crystallization analysis.  
 
3.3.1. Hot extrusion & hot pressing 
Hot pressing as well as hot extrusion were carried out using an electro-hydraulic 
universal axial pressing machine made by WEBER PWV 30 EDS (Germany) with a capacity 
of 350 KN maximum load. With the purpose of minimizing the frictional effects during 
consolidation, the compaction die, container and rams were cleaned and sprayed with a thin 
layer of boron nitride before processing. The whole setup for hot pressing / hot extrusion is 
placed inside a closed chamber. The chamber was evacuated to 1×10-3 Pa before 
consolidation for degassing and to minimize oxidation during processing. The temperature 
of the die was measured by a Pr / Rh Pt thermocouple, fixed in a dedicated cavity within the 
die, ensuring a continuous monitoring of the operating temperature.  
 
 
Figure 3.6 (a) Hot pressing ,(c) hot extrusion and their schematic representation of (b) HP (d) HE 
 
For the extruded samples, pre-compaction was carried out by hot pressing at 673 K and 
500 MPa with holding time of 3 minutes. After that, the consolidated feedstock was loaded 
into a copper bullet and extruded at 823 K and 550 MPa as shown in Fig. 3.6. The heating 
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rate was about 40 K/min, which was the same as in the DSC experiments. The extrusion 
temperature was at 823 K and thermal processing conditions for the warm consolidation 
have been chosen, based on the TTT diagram of the amorphous Ni59Zr20Ti16Si2Sn3 powder, 
which was obtained from isothermal heat treatments by DSC. The extrusion ratio was 4:1.  
For comparison purposes, a bulk specimen was produced by hot pressing of the single 
phase amorphous Ni59Zr20Ti16Si2Sn3 powder, and a brass rod was produced by hot pressing 
and hot extrusion, using the same consolidation temperatures. 
 
3.3.2. Spark Plasma Sintering (SPS)  
Consolidation by SPS was carried out at Korea Institute for Rare Metals, KITECH, 
Republic of Korea using an SPS-20 machine with 197 KN maximum load (shown in Fig 
2.27 (b)). The system consists of a SPS sintering machine with a vertical single-axis 
pressurization mechanism, specially designed punch electrodes incorporating water cooler, 
a water-cooled vacuum chamber, a vacuum/air/argon-gas atmosphere control mechanism, a 
special DC-pulse sintering power generator, a cooling water control unit, a position 
measuring unit, a temperature measuring unit, an applied pressure display unit and various 
interlock safety units [Tok97a]. The composite powder was loaded in WC dies with 10 mm 
diameter and then a pressure of about 350 MPa was applied. The chamber is then evacuated 
to 10 -3 torr. The SPS generator was switched on to obtain the sintering temperature of 843 
K. The temperature is measured by a thermocouple attached near to the die and punch 
assembly. Sufficient dwell time (about 5 min in the current experiments) is maintained to 
obtain uniform temperature throughout the sample after reaching the desired temperature. 
 
3.4. Dealloying to generate pores in MGs 
Dealloying is a common corrosion process during which an alloy is ‘parted’ by the 
selective dissolution of the most chemically active of its elements. This process results in the 
formation of pores resulting from the dissolution of the less noble alloy constituents. The 
Ni59Zr20Ti16Si2Sn3 matrix phase is more noble than brass in the acid solution. Therefore, 
pores should be generated by selective dissolution of the brass particles in the precursor by 
immersion into compatible solution, as demonstrated in Fig. 3.7.  
Preliminary tests were performed according to chemical reactivity in terms of the 
solute-solvent compatibility, the type and concentration of etchant, the immersion time, and 
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the solubility of brass particles to optimize the parameters.  
The composite powders consisting of the more noble Ni59Zr20Ti16Si2Sn3 phase and 
either 40 vol.% brass or copper are immersed into the nitric acid solution with varying 
concentrations (10, 20 and 30 %) for 24 hours at room temperature. Additionally, nitric acid 
solution immersion tests were carried out as a function of the immersion time (1, 3, 6, 12 
and 24 h). 4 g of powder was used for each dissolution and the immersed powder was 
collected by filtering. After collecting and rising with ethanol, the powder was dried at 333 
K for 24 hours in furnace.  
To identify the dissolved elements in the acid solution, the change in weight of the 
composite powder was measured and the used acid solutions were analyzed by ICP-AES 
(Inductively Coupled Plasma Atomic Emission Spectroscopy). ICP-AES is an emission 
spectro-photometric technique, exploiting the fact that excited electrons emit energy at a 
given wavelength as they return to ground state. The fundamental characteristic of this 
process is that each element emits energy at specific wavelengths peculiar to its chemical 
character. Although each element emits energy at multiple wavelengths, in the ICP-AES 
technique it is most common to select a single (or a very few) wavelength for a given element. 
The intensity of the energy emitted at the chosen wavelength is proportional to the amount 
(concentration) of that element in the analyzed sample. Thus, by determining which 
wavelengths are emitted by a sample and by determining their intensities, the analyst can 
quantify the he elemental composition of the given sample relative to a reference standard.  
 
 
Figure 3.7 Schematic overview of selective dissolution 





The density of the consolidated precursors was calculated by the Archimedes principle. 
The samples were first weighed in air, then immersed in ether liquid medium and weighed 
again, using a Mettler Toledo weighing instrument. The humidity and the air temperature 
were also considered when measuring the density. The samples were first weighed in air, 
then put in the sample station of the device ether liquid medium and weighed. The density 




    (3.1) 
If the material has no porosity, the true density can be measured by displacement of any fluid 
in which the solid remains inert. The accuracy of the method is limited by the accuracy with the 
fluid volume can be determined. However, the porous materials contain pores, which will not 
easily be completely penetrated by a displaced liquid. In these instances, the true density can be 
measured by using a gas as the displaced fluid. Thus, the true density of porous MGs was 
determined by the gas pycnometer using the Ultra-pyc He, and N2 was used as the measuring 
gas and a schematic diagram of such a pycnometer is shown in Fig.3.8. 
 
 
Figure 3.8 Gas expansion pycnometer for true density determination of porous solids 
 
The volume 𝑉𝐶  in the blue area is considered as the sample cell. After purging the system 
with helium through valves 1, 2 and 3 or to vacuum through valves 2 and 4, all the volumes are 
brought to ambient pressure through valves 2 and 3. The sample cell is then pressurized to 𝑃1, 
say 1 atm above ambient pressure. Valve 2 is then opened to connect the reference volume, 𝑉𝑅 , 
to that of the cell. Consequently, the pressure drops to a lower value 𝑃2  in the cell, while 
increasing from ambient to 𝑃2 in the reference volume. Using 𝑃1 and 𝑃2, the powder volume, 
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𝑉𝑃 is calculated from  
𝑉𝑃 = 𝑉𝐶 +
𝑉𝑅
1 − (𝑃1 𝑃2⁄ )
                                                                  (3.2) 
Then the powder volume and mass can be determined and the density is readily calculated. 
 
3.5.2. Mechanical properties 
3.5.2.1. Compressive tests 
The specimens were tested with an INSTRON 8562 testing facility under quasi-static 
loading (strain rate ~ 1×10-4 s-1) at room temperature. Both ends of the specimens were 
polished to make them parallel to each other, prior to the compression test. The strain during 
compression was measured directly on the specimen using a Fiedler laser-extensometer. 
 
3.5.2.2. Hardness 
The micro-hardness was measured using a computer-controlled HMV-2000 Shimadzu 
Vickers hardness testing machine. The device is equipped with a typical diamond indenter 
in the form of a pyramid with square base and an angle of 136° between the opposite faces. 
The applied load was 0.05 N for 10 sec. The diagonal of the imprints as well as the hardness 
were calculated using a Digital Video Measuring System. For the indentations, the samples 
were embedded in Struers Specifix-20 room temperature curing epoxy and the measured 
surface was carefully polished with a paste, containing diamond particles with a diameter 
smaller than 0.25 μm. At least 20 readings were taken to calculate the mean hardness value. 
Cracked or non-symmetric indentations were not considered in the measurement. 
 
3.5.3. Structural characterization 
In order to determine the phase composition, microstructural features, the pore size and 
the pore shape, the milled powders, as well as the consolidated samples and porous MGs 
were investigated using several analytical methods. The structure was characterized by X-
Ray Diffraction (XRD). The microstructure was analyzed by Optical Microscopy (OM), 
Scanning (SEM) and Transmission Electron Microscopy (TEM). The thermal stability was 
studied by differential scanning calorimetry (DSC). 
 




In this work, a Nikon Epiphot 300 microscope was used to obtain magnified images of 
the samples. This microscope is capable of magnifying the samples from 5 to 100 times with 
different objective lenses. The microscope is equipped with an in-built camera and also 
connected with a computer program (a4i Docu from Olympus GmbH, Germany), thus 
allowing the images to be captured by the software. 
SEM characterization of powder, consolidated composite and porous MGs was carried 
out using a high-resolution Gemini 1530 (Zeiss) SEM with FEG-Source (Schottky type), 
Energy Dispersive X-ray spectrometer (EDX) for elemental analysis, with Si (Li) detector 
and the QUANTAX evaluation software (Bruker AXS). SEM as well as TEM produce high 
resolution images with details from millimeters to microns, or even up to nanometers size. 
Images of samples were obtained using secondary electrons and back scattered electrons. 
Additionally, EDX analysis was performed, in order to confirm the chemical composition 
and mapping of the interface between matrix phases and fugitive phase.  
The phases and the microstructure were characterized by XRD, using a Philips PW 
1050 diffractometer (CoKα- radiation), and OM using a Zeiss Axioskop 40. 
 
3.5.3.2. Determination of pore size using image analysis 
The pore size analysis was performed on SEM image of porous MGs. Regarding the 
distance of two opposite walls of pore as pore size, the pore structure was determined using 
the Image-Pro Plus software. Measurements of area, perimeter, length, width, etc. were 
performed along with statistics including the minimum, maximum, mean and standard 
deviation values.  
Figure 3.9 shows the overview of process. The objects for pores in SEM images of 
porous MGs (Fig. 3.9(a)) were extracted from other object using threshold and segmentation 
tools. In order to distinguish between pore and grain boundary, SEM images were converted 
to black and white images (Fig. 3.9(b)). Pores were selected by their color (in this case black 
area) and the selected objects, filled with red color were confirmed via filtering method (Fig. 
3.9(c)). The count function was performed according to the shape of objects as shown in Fig. 
3.9(d). Thus, the selected objects were sorted manually. The value of width represents the 
feret diameter along the minor axis of pores in this study. The pore size distribution was 
estimated from the characterized values of feret diameter via Image. 




Figure 3.9 Process of image analysis for pore size determination.  
 
3.5.3.3. Determination of specific surface area 
The specific surface area of the porous MG was determined using the Brunauer–
Emmett–Teller (BET) equation from data obtained with the adsotrac DN-04 physisorption 
multiple-point analyzer. The specific surface area is then estimated from the amount of 
nitrogen adsorbed in relationship with its pressure, at the boiling temperature of liquid 
nitrogen at normal atmospheric pressure. The measurement process of physisorption 
involves the chilling of the surface of the measured samples, using nitrogen to adhere to the 
surface adsorption, then taking the chilling away, which leads to desorption. In order to 
determine the adsorption isotherm volumetrically, known amounts of adsorptive are 
admitted stepwise into the sample cell containing the sample previously dried and outgassed 
by heating under vacuum. The amount of gas adsorbed is the difference of gas admitted and 
the amount of gas filling the dead volume (free space in the sample cell including 
connections). The adsorption isotherm is the plot of the amount gas adsorbed (in m mol/g) 
as a function of the relative pressure p/p0. For the multipoint determination, a BET diagram 
is plotted with  






 ∙ (𝑃 𝑃0⁄ ) +
1
𝑛𝑚𝑜𝑛𝑜∙𝐶𝐵𝐸𝑇
= 𝑓(𝑥) = 𝑖 + 𝑘𝑥  (3.3) 
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as ordinate against x= p/p0 as abscissa. The plot should give a straight line 𝑦𝐵𝐸𝑇= i + kx 
within the so-called BET relative pressure range (see below). Both the intercept a and the 
slope b, which are determined by means of linear regression, must be positive. From these 
values, the monolayer capacity nmono (in mmol/g) can be calculated according to nmono = 
1/(i+k). The specific surface area aBET is calculated from the monolayer capacity by assessing 
a value σ for the average area occupied by each molecule in the complete monolayer: 
                       𝑎𝐵𝐸𝑇 = 𝑛𝑚𝑜𝑛𝑜 ∙ 𝜎 ∙ 𝑁𝐴                          (3.4) 
where NA is the Avogadro constant. 
In order to clean and dry the surfaces of porous MGs, they were calcined at the 
temperature of 523 K for 2 hours under the N2 and He atmosphere as shown in Fig. 3.10.  
 
     
Figure 3.10 Images of BET measurement & pretreatment.  
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4. Ni59Zr20Ti16Si2Sn3 glass-brass composite powders produced by 
mechanical milling  
This section introduces the results of the characterization of the brass reinforced 
Ni59Zr20Ti16Si2Sn3 matrix composite powder fabricated by ball milling.  
Firstly, the chapter 4.1 introduces the results of the various investigations on the 
Ni59Zr20 Ti16 Si2 Sn3 powder in the as-atomized state. The powder has been characterized 
using the various tools described in the previous chapter. And then, the results of the 
characterization of the brass reinforced Ni59Zr20Ti16Si2Sn3 matrix composite powder are 
presented in chapter 4.2. In order to compare the effects of ball milling on the amorphous 
matrix, the single-phase Ni59Zr20Ti16Si2Sn3 glassy powder was milled using the same 
parameters applied for the fabrication of the composite powder.  
 
4.1. As-atomized Ni59Zr20Ti16Si2Sn3 powder  
This section introduces the results of the various investigations on the Ni59Zr20 Ti16 Si2 
Sn3 powder in the as-atomized state. The powder has been characterized using the various 
tools described in the previous chapter. 
 
4.1.1. Microstructure and thermodynamic properties  
The optical micrographs of the as-atomized powder are shown in Fig. 4.1(a). The 
images reveal that the particle size is below 63 μm. The powder exhibits a near-spherical 
shape with a smooth surface (Fig. 4.1(b)). The composition of the powder, as measured by 
energy dispersive X-ray analysis (EDX), is confirmed as shown in Fig. 4.2.  
   
Figure 4.1 (a) Optical micrographs and (b) SEM image of the as-atomized Ni59Zr20Ti16Si2Sn3 glassy powder. 
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Figure 4.3(a) shows the constant-rate heating DSC (40 K/min) scan of the Ni59Zr20- 
Ti16Si2Sn3 gas-atomized powder. The DSC curve exhibits a distinct glass transition and a 
supercooled liquid region before a single crystallization event occurring at higher 
temperature. The onset temperature of the glass transition, Tg , estimated as the point of 
intersection between the linearly extrapolated curve below the transition with the steepest 
tangent of the rise in the heat flow signal (see inset in Fig. 4.3(a)), is 820 K. The 
crystallization temperature, Tx, is determined as the onset temperature of the exothermic 
events with peak temperature, Tp . The values of Tx and Tp are 882 and 894 K, respectively. 
Figure 4.3 (a) Constant-rate heating DSC (40 K/min) scan and (b) XRD pattern (CoK-radiation) of the 
Ni59Zr20Ti16Si2Sn3 gas-atomized powder. 
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The super-cooled liquid (SCL) region, T, defined as the difference between Tx and Tg , is 
62 K. The enthalpy of crystallization related to the exothermic DSC peak is H = 62 J/g.  
The XRD pattern of the as-atomized powder (Fig. 4.3(b)) shows the diffuse diffraction 
peak typical for amorphous materials and no distinct crystalline peaks are found within the 
sensitivity limits of XRD. This corroborates the amorphous nature of the gas-atomized 
powder. 
In general, the glass transition in metallic glasses is analyzed by using DSC 
measurements, as in Fig. 4.3(a), which shows a clear glass transition prior to crystallization. 
However, a better insight into the flow behavior of the supercooled liquid can be derived 
from viscosity measurements. Accordingly, the influence of temperature on the viscosity of 
the as-atomized powder was studied by parallel plate rheometry. The red solid curve in Fig. 
4.4(a) displays a characteristic isochronal TMA (Thermo Mechanical Analysis) curve, which 
shows the variation of the height of the sample as a function of temperature. The viscosity  
can be derived from the change of the height through the equation 
 




Figure 4.4 (a) Viscosity (data points) derived from the change of sample height as a function of temperature (red line) 




















    , (4.1) 
 
where F is the applied load, a is the radius of the plates and h is the height of the sample. 
This allows viscosity measurements in the range from 105 to 109 Pa×s. As the glass transition 
temperature (Tg) is reached and the glassy solid transforms into the SCL, the viscosity drops 
from about 1×107 Pa×s reaching the minimum viscosity at 9×104 Pa×s (data points in Fig. 
4.4(a)). Above the minimum, the crystallization sets in (Tx) and the viscosity abruptly 
increases with increasing temperature, indicating the loss of the liquid-like behavior. The 
values of Tg and Tx evaluated from the viscosity measurements are in good agreement with 
those observed by DSC (Fig. 4.4(b)). These results clearly show that softening of the material 
occurs in the temperature range between 820 and 882 K. 
 
4.1.2. Crystallization kinetics 
The crystallization behavior of the Ni59Zr20Ti16Si2Sn3 undercooled liquid was studied 
using the DSC apparatus described in Sec. 3.1.1.1 in order to avoid crystallization during 
warm consolidation. 
 
4.1.2.1. Crystallization behavior on continuous heating 
Figure 4.5(a) shows the isochronal DSC plots recorded at different heating rates for the 
Ni59Zr20Ti16Si2Sn3 as-atomized powder. All DSC traces exhibit an endothermic event 
characteristic of a glass transition and an extended super-cooled liquid region before the 
onset of crystallization (𝑇𝑥 ). For all the DSC measurements, 𝑇𝑔  and 𝑇𝑥  shift to higher 
temperatures with increasing heating rate, i.e. both the crystallization and the glass transition 
display a dependence on the heating rate during continuous heating. 
The activation energy for crystallization 𝐸𝑎  can be evaluated by means of the 
Kissinger equation [Kis57a] 
ln(Φ 𝑇𝑝
2⁄ ) = −(𝐸𝑎 𝑅𝑇𝑝⁄ ) + 𝑐𝑜𝑛𝑠𝑡𝑎𝑛𝑡            (4.2) 
where Φ is the heating rate, R the gas constant and 𝑇𝑝 the crystallization peak temperature 
corresponding to the first exothermic event. By plotting ln(Φ 𝑇𝑝
2⁄ )  vs. 1 𝑇𝑝⁄ , an 
approximately straight line is obtained, as shown in Fig. 4.5 (b). The correlation coefficient 
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Figure 4.5 (a) Isochronal DSC traces at different heating rates and (b) Kissinger plot for the Ni59Zr20Ti16Si2Sn3 
powder in the as-atomized state. 
 
is better than 0.996. From the slope of the straight line the activation energy for 
crystallization is obtained. The activation energy value calculated for the gas-atomized 
amorphous powder is found to be 362.5 kJ/mol. 
 
4.1.2.2. Crystallization behavior during isothermal annealing 
The crystallization behavior was also investigated isothermally in the temperature range 
between Tg and  𝑇𝑥 . The isothermal transformation enthalpies were determined by first 
heating the samples in the DSC at a rate of 40 K/min to the desired holding temperature 
(below 𝑇𝑥  = 882 K), where the samples were held isothermally, and the resulting 
crystallization event beginning at  𝑡𝑥 was recorded. Examples of the heat flow profiles vs. 
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temperatures:𝑇𝑥−13, 𝑇𝑥−18,𝑇𝑥−23, 𝑇𝑥−28 and 𝑇𝑥−33. The incubation time, as well as the time 
required for the complete transformation, becomes shorter when annealing at higher 
temperatures. It is assumed that the transformed volume fraction 𝑋𝑐 up to any time t is 
proportional to the fractional areas of the exothermic peak. The crystallized volume fraction 
during the isothermal process can be accurately determined by measuring the area of the 
exothermic peak. 
The crystallized fraction, 𝑋𝑐(t,T), after the time t at a constant temperature T, was 
derived from the isothermal curves in Fig. 4.6(b) by assuming that 𝑋𝑐 is proportional to the 
integrated enthalpy, as 





            (4.3)  
The 𝑋𝑐(t,T) curves for the as-atomized powder display the typical sigmoidal shape (Fig. 
4.6(b)). The curves become steeper with increasing annealing temperature, indicating that 
the transformation proceeds faster as the temperature is increased. The Johnson–Mehl–
Avrami analysis (JMA) is widely used to model the mechanism of isothermal solid-state 
phase transformations. The transformed volume fraction X at a given annealing time and 
temperature can be related using the equation [Chr75a]: 
𝑋𝑐(𝑡, 𝑇) = 1 − exp(−𝑘(𝑡 − 𝜏)
𝑛)               (4.4) 
where k is a reaction rate constant, τ is the incubation time and n is the Avrami exponent. 
Equation (4.4) can be rewritten as the well-known Johnson-Mehl-Avrami (JMA) 
equation: 
ln[ln 1 (1 − 𝑋𝑐)⁄ ] = 𝑛 ln 𝑘 + 𝑛 ln(𝑡 − 𝜏)             (4.5) 
Figure 4.6(c) shows the plots of ln[−ln(1 − 𝑥𝑐)] vs. ln(𝑡 − 𝜏) for the gas atomized 
starting powder. For 0.10 ≤ 𝑋𝑐≤ 0.85, the data are almost on a straight line with a 
correlation coefficient better than 0.993. 
The avrami exponent n and the reaction rate constant k can be calculated from the slopes 
and intercepts of the lines [Chr75a]. The avrami exponent for the as-atomized powder 
increases from 2.18 for isothermal annealing at T = 845 K to 3.84 for T = 865 K. Values of 
n of about 2.18 are related to a transformation mechanism characterized by diffusion 
controlled three dimensional growth and decreasing nucleation rate, whereas n = 3.84 
suggests all shapes growing and increasing nucleation rate, as shown in Table 4.1.  





Figure 4.6 Isothermal DSC scans, (b) crystallized volume fraction versus annealing time, (c) JMA plots 









Table 4.1 Values of avrami exponent n for the kinetic law given in Eq. (4.5) for diffusion controlled 
transformations [Chr75a] 
 
4.2. Ni59Zr20Ti16Si2Sn3 glass-brass composite powder 
4.2.1. Milling experiments of Ni59Zr20Ti16Si2Sn3 glass-brass composite powder 
Figures 4.7(a)-(f) show the optical micrographs of the starting single-phase glassy (Fig. 
4.7(a)) and brass (Fig. 4.7(b)) materials and the composite powder with 40 vol.% brass 
milled for different periods. In the first stages of the mechanical treatment (5 h) (Fig. 4.7(c)), 
the average particle size is increased to about 200 – 300 m as a result of the agglomeration 
of the glassy particles (dark contrast) with brass (bright contrast). This tendency increases 
with increasing the milling time reaching a value of particle size of about 500 m after 
milling for 20 h (Fig. 4.7(f)). The glassy particles lose their original spherical shape and they 
are heavily deformed already in the first stages of milling (Fig. 4.7(c)). After milling for 10 
h, a layered structure consisting of alternating layer of glass and brass, which is a typical 
feature of the milled powder mixtures, appears on the surface of the composite particles. The 
layered structure gradually extends over the areas between the large and heavily deformed 
glassy particles reaching values of layer thickness below 1 m after 20 h. The fine layered 
structure developed in the composite powders during milling is composed of homogeneously 
dispersed dark layers of the Ni-based glass separated by adjacent lighter areas, which 
correspond to the finely deformed brass layers, as shown in Fig. 4.8. The observed size range 
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of the layers is relatively broad and varies from ~50 to 200 nm. The oxygen content of the 
powder for each milling time is shown in Fig. 4.9. The oxygen content is 0.05 and 0.07 at.% 
in the starting Ni59Zr20Ti16Si2Sn3 and brass powders and increases to about 0.35 at. % as the 
milling time increases up to 30 h.  
The effect of milling on the thermal stability of the composite powder with 40 vol.% 
brass is shown in Fig. 4.10(a). The intensity of the crystallization peak at about 893 K 
decreases with increasing the milling time. This is confirmed by Fig. 4.10(b) which shows 
the enthalpy of crystallization as a function of the milling time. The crystallization enthalpy 
drastically decreases from 25 J/g for the 5 h milled powder to approximately 15 J/g for the 
30 h milled powder. The crystallization enthalpy in the composite powder milled for 20 h is 
about 50 % lower than the starting glassy phase crystallization as compared with the 
monolithic metallic glass (normalized to the specific metallic glass mass fraction), which 
suggests that about 50 % of glassy phase crystallizes during milling. However, XRD analysis 
of the milled powder reveals that mechanical deformation does not induce visible 
crystallization of the glass, as illustrated by the XRD patterns in Fig. 4.11: beside the 
diffraction peaks belonging to brass, the patterns do not show additional crystalline phase. 
In addition to the decrease of the crystallization enthalpy, the DSC curves of the milled 
powder display the presence of a small exothermic peak at 802 K (indicated by a red arrow 
in the inset in Fig. 4.10(a)), which might indicate that reaction between the glassy phase and 
brass takes place in this temperature range. A reaction between the two components would 
consume some amount of glassy phase; therefore, explaining the reduced crystallization 
enthalpy observed for the milled material. 
 







Figure 4.7 OM micrographs of the starting (a) gas-atomized Ni59Zr20Ti16Si2Sn3 glassy and (b) brass 
powders and of the glass–brass composite powders milled for (c) 5, (d) 10, (e) 15, and (f) 20 h. 




Figure 4.8 TEM micrographs of the composite 
powder containing 40 vol.% brass milled for 20 h. 
 
  
Figure 4.9 Oxygen content of the starting and milled 
composite powders.  
 
      
Figure 4.10 (a) Constant-rate heating DSC (40 K/min) scans of the glass-brass composite powder milled for 
different periods and (b) corresponding enthalpy of crystallization. 
 
Figure 4.11 XRD patterns (CoKradiation) for the glass-brass composite powder milled for different periods. 
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Figure 4.12 Temperature dependence (heating rate 40 K/min) of the viscosity of the supercooled liquid for the 
glass-brass composite powder milled for different periods. 
 
Figure 4.12 shows the effect of milling on the viscosity of the composite powders. 
Milling remarkably influences the viscosity of the SCL. The as-atomized powder displays a 
single drop of viscosity with a minimum at about 870 K, which does not change during the 
early stages of milling (5 h). After milling for 10 h, a shoulder appears on the viscosity drop 
(indicated by an arrow in Fig. 4.12), which splits into two different signals for longer milling 
time. The viscosity drop at low temperature occurs at about 802 K, which is in the same 
temperature range of the small exothermic peak observed in the DSC measurements (Fig. 
4.10(a)). 
The strong decrease of the crystallization enthalpy for the milled powder and the 
appearance of the endothermic effect at low temperatures along with the occurrence of two 
distinct viscosity drops suggest that a complex transformation (e.g. reaction between glassy 
phase and brass along with glass crystallization) rather than simple crystallization occurs in 
the milled powders.  
In order to analyze this aspect, ball milling of the Ni59Zr20Ti16Si2Sn3 glassy powder 
with 40 vol.% brass was carried out for 100 h. The typical layer structure of composite 
powder is rarely seen in the OM image of polished cross-section of 100 h milled powder  
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Figure 4.13 Optical micrographs of the glass brass composite powder milled for 100 hrs. 
compared to the powder milled for shorter times (see Fig. 4.13(b)). 
The EDX element maps of the composite powder milled for 20 and 100 h show obvious 
difference in distribution of Ni and Cu between glass and brass phases. The boundaries 
between glass and brass from 100 h milled composite powder become blurred, while there 
is a distinct boundary in the 20 h milled powder (Fig. 4.14). Ni and Cu are dispersed 
homogeneously, as shown in Figs. 4.14(h) and 4.14(i). 
The intensity of the diffraction peaks corresponding to brass in the XRD patterns 
decreases with increasing milling time and, finally, the brass peaks are almost hidden in the 
XRD pattern for 100 h milled composite powder (Fig. 4.15(b)). In addition, the endothermic 
peak comes out at 802 K for 30h milled powder, then the endothermic peak is growing 
obviously with longer milling times as shown in Fig. 4.15(a).  
The findings presented in this section indicate that glass-brass composite powders with 
fine layered microstructure can be produced by milling. DSC and viscosity investigations 
reveal that milling affect the thermal behavior of the milled powders. Two possible effects 
can explain this behavior: (i) crystallization during milling and (ii) reaction between glassy 
phase and brass at high temperature. In the following section, this aspect is further 
investigated by analyzing the effect of milling on the single-phase metallic glass. In addition, 
the milling intensity is varied in order to tune the microstructure of the powders and, in turn, 
to study the effect of the layer thickness on the thermal stability of the milled material. The 
thinner and finer layer structure produced by ball milling is almost likely assisted by the 
reduction of the diffusion distances between the different phases. Thus the strong decrease 
of crystallization enthalpy might be clarified with partial alloying or dissolution of the Ni-
based MG with brass during milling, leading to a slight compositional change in the glass 
[Eck99a]. 
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Figure 4.14 SEM image and EDX composition map for 20h milled composite and 100h milled composite  
 
  
Figure 4.15 (a) Constant-rate heating DSC (40 K/min) scans of the glass-brass composite powder milled for 
30h, 60h and 100h and (b) XRD patterns (CoK-radiation) for the glass-brass composite powders milled for 
10h, 30h, 60h and 100h  
 
4.2.2. Ball milling effect on the Ni59Zr20Ti16Si2Sn3 glassy powder  
Figure 4.16 shows the optical micrographs of the gas-atomized Ni59Zr20Ti16Si2Sn3 
glassy powder milled for different periods. The average particle size is changed due to the 
agglomeration of the glassy particles. This tendency increases with increasing the milling 
(a) (b) 
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time reaching a value of particle size of about 100 m after milling for 100 h. The glassy 
particles lose their original spherical shape and are heavily deformed during milling.  
The effect of milling on the thermal stability of the glassy powder is shown in Fig. 
4.17(a). The intensity of the crystallization peak at about 892 K decreases with increasing 
the milling time and the peak temperature shifts to 901 K. This is confirmed by Fig. 4.17(b), 
which shows the enthalpy of crystallization as a function of the milling time. The 
crystallization enthalpy decreases from 61 J/g for the as-atomized powder to about 30 J/g for 
the 100 h milled power. Compared to the crystallization tendency of the composite powder 
during milling, the reduction of the crystallization enthalpy is slower. This suggests an effect 
of brass on the crystallization of the amorphous phase during milling or partial re-
amorphization during milling. However, XRD analysis of the milled powder reveals that 
mechanical deformation does not induce visible crystallization of the glass (Fig. 4.18) 




Figure 4.16 Optical micrographs of the glass powder milled for different periods 
    
Figure 4.17 (a) Constant-rate heating DSC (40 K/min) scans of the single-phase glass powder milled for 
different periods and (b) corresponding enthalpy of crystallization. 
 
The crystallization temperature of the glassy powder shifts to slightly higher 
temperatures in the first stages of milling and then it shifts to lower temperatures for the 
powder milled for 100 h. One possible explanation for this difference is the partial 
crystallization of the Ni-based glassy phase [Han06a, Che06a].  
Figure 4.19 shows the effect of milling on the viscosity of the glassy powder. Milling 
induced remarkable influence on the viscosity of the SCL. The minimum of viscosity 
increases with increase in milling times till 30h. After milling for 100 h, the viscosity is close 
to the viscosity of as- atomized power. In contrast to the data in Fig. 4.19, no shoulder is 
visible on the viscosity drop, which suggests that the presence of brass during milling 
induces structural changes with respect to the single-phase glassy powder.  
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Figure 4.19 Temperature dependence (heating rate 20 K/min) of the viscosity of the supercooled liquid for 
the single-phase glass powder milled for different periods. 
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5. Hot consolidated metallic glasses 
Hot pressing was carried out to fabricate bulk samples from the Ni59Zr20Ti16Si2Sn3 
glassy powder. As exposure to high pressure and temperature for extended periods of time 
may result in the crystallization of the glassy phase, caution must be exercised in choosing 
the consolidation method and the sintering parameters.  
In order to find the proper temperature-time window for warm consolidation of the 
metallic glass avoiding crystallization, a TTT diagram was constructed by measuring in the 
DSC the time for the onset of crystallization during isothermal annealing for the samples 
heated up to various temperatures between Tg and Tx, as shown in Fig.5.1. As expected, 
crystallization begins after a shorter incubation period with increasing isothermal 
temperature. The crystallization onset occurred after about 205 and 13 s at temperatures of 
855 and 875 K, respectively. The sintering parameters such as temperature and holding time 
for hot pressing (see Table 5.1 ) was determined based on the TTT curve for the onset of 
crystallization shown in Fig. 5.1. 
    
Figure 5.1 TTT diagram of the Ni59Zr20Ti16Si2Sn3 powder from isothermal crystallization events measured in 
the DSC at temperatures 𝑇𝑥−10, 𝑇𝑥−15, 𝑇𝑥−20, 𝑇𝑥−25 and 𝑇𝑥−30. 
 
 
Table 5.1 Hot pressing parameters for the glassy powder. 
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Figure 5.2 OM images of the cross sections of the hot pressed Ni59Zr20Ti16Si2Sn3 metallic glasses at different 
consolidation temperatures. 
 
Figures 5.2 (a)-(e) show the cross-sections of the as-prepared hot-pressed bulk 
specimens. The porosity decreases and the monolithic amorphous samples become denser 
with increasing the sintering temperature. The increase of density is confirmed by the density 
values shown in Table 5.2. 
The thermal analysis results obtained for the hot pressed glassy specimens are given 
in Fig.5.3. The DSC trace of the MG hot pressed at 818 K exhibits a crystallization 
temperature, Tx , of 875 K and an integrated heat of crystallization, ΔHx, of 57 J/g. Compared 
to the as- gas atomized powder (GAP), the crystallization temperature of the composite shifts 
to a slightly higher temperature while maintaining the crystallization peak. The 
crystallization enthalpy in the hot pressed bulk MGs is close to the monolithic metallic glass. 
However, the XRD patterns (Fig.5.4) show distinct Bragg peaks corresponding to the 
crystalline Ni10(Zr, Ti)7 phase along the diffuse maxima of the amorphous phase. 
 
 
Figure 5.3 (a) DSC scans (40 K/min), (b) crystallization enthalpy and (c) change in grass transition temperature 
of the hot pressed Ni59Zr20Ti16Si2Sn3 metallic glasses 
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Figure 5.4 XRD patterns for the hot pressed Ni59Zr20Ti16Si2Sn3 metallic glasses. The XRD patterns show that 
crystallization occurs during consolidation..   
 
Micro-hardness tests of the hot-pressed amorphous samples have been carried out to 
estimate the hardness. The values range from 599±65 to 752±13 HV for the alloys hot 
pressed at 545 and 565 K, respectively (Fig. 5.5). 
The value of yield strength for the sample hot pressed at 818 K is 1.37 GPa (Fig.5.6). 
The strength rises to 2.28 GPa for the material consolidated at 823 K (Fig.5.6), which is 
higher than the corresponding as-cast bulk amorphous Ni59Zr20Ti16Si2Sn3 alloy (2.2 GPa) 
[Lee04a]. The strength then decreases for the specimens sintered at higher temperatures, 




Figure 5.5 Micro-hardness values of the hot pressed 
Ni59Zr20Ti16Si2Sn3 metallic glasses consolidated at 
different temperatures. 
Figure 5.6 Stress-strain curves for the uniaxial 
compressive tests of bulk metallic glass Ni59Zr20Ti16 
Si2Sn3 alloys: monolithic bulk metallic glass, 












 818     823     828    833     838 
 
(K) 
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The compressive fracture takes place along the maximum shear plane, which is declined 
by about 45° to the direction of the compressive load. The SEM images in Figs.5.7 (a)-(p) 
display the fracture surface of the specimens after the compression tests. Some cracks 
propagate along the metallic glass powder boundaries. Figure 5.7(f) shows a typical vein 
pattern arising from viscous flow, which occurs during the sudden relief of stress energy at 
failure and its conversion into heat. Re-solidified droplets are also found frequently, 
implying that the temperatures are sufficiently high at fracture for local melting of the 
material to occur.  
The consolidation of Ni-based amorphous powders by utilizing the viscous flow in the 
super-cooled liquid region is important to successfully fabricate metallic glass matrix 
composites. One of the important implications of this work is the study of the variation of 
the properties by the control of the consolidation parameters. As shown in Table 5.2, the 
consolidated Ni-based bulk amorphous alloys, which were hot pressed at 823 K, show higher 
strength with relatively better density. By hot pressing of the amorphous powders at 818, 
823, 828, 833 and 838 K in the super-cooled liquid state, amorphous Ni59Zr20Ti16Si2Sn3 alloy 
is synthesized. The consolidation temperatures were selected from the T–T–T curve for the 
onset of crystallization of the amorphous powders. However, fully amorphous 
Ni59Zr20Ti16Si2Sn3 alloy is successfully synthesized by hot pressing of the amorphous 
powders only at 823 K.  
 
Figure 5.7 Secondary electron images of the fracture surfaces for the Ni59Zr20Ti16Si2Sn3 hot pressed 
specimens after compression tests. 
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6. Glass-brass composites  
6.1 As-extruded glass-brass composites  
6.1.1 Methods of consolidation of blended and milled powders  
Hot pressing and hot extrusion are both uniaxial hot consolidation techniques, but they 
differ in two major aspects. Hot pressing usually starts with a loose powder, whereas hot 
extrusion may starts with a sintered preform [Gro10i]. Furthermore, hot extrusion is 
preferred when a large degree of deformation is required to fabricate fully dense bulk 
samples as it provides a denser compact close to the final shape than hot pressing [Gro10i]. 
The broad distinction between hot extrusion and hot pressing relates to the way in which the 
structure develops (direction of grains) and the mechanical properties change.  
In this study, the milled powder was pressed into a preform by hot pressing and then 
hot extruded to the final size. Hot extrusion provides a denser compact, as shown in Figs. 
6.1(a) and (b), where voids exist in the as-pressed composite. 
 
 
Figure 6.1 OM images of the cross-sections of (a) as-extruded and (b) as-pressed Ni59Zr20Ti16Si2Sn3-brass 
composites. 
 
6.1.2 Characterization of as-extruded glass-brass composites 
Ni-based MG composites were synthesized by hot pressing followed by hot extrusion of 
powder mixtures consisting of the Ni59Zr20Ti16Si2Sn3 glassy phase manually blended or 
milled with 40 vol.% of brass powder. For comparison purposes, a bulk specimen was 
produced by extrusion of pure brass powder using the same consolidation parameters as used 
for the glass-reinforced composites. Hereinafter, we shall refer to “blended composite” as  
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Figure 6.2 Heat flow as function of incubation time from isothermal annealing at 823 K for 60 mins. 
 
the composite produced from blended powder mixtures and “milled composite” as the 
composite produced by consolidation of the milled powder mixtures. 
The DSC and viscosity investigations were used to find the best compromise between 
temperature, viscosity and holding time for the consolidation of the Ni-based MG 
composites. Hot pressing (temperature and pressure 673 K and 500 MPa; holding time 3 
minutes) was used as a pre-compaction step for the following hot extrusion. Extrusion was 
carried out at 823 K, in order to take advantage of the material softening within the 
supercooled liquid region, using a pressure of about 500 MPa. At this temperature, the 
viscosity of the glass is reduced to 8 × 105 Pa×s. The extrusion step necessitates a period of 
about one hour; therefore, a short incubation time is insufficient for performing the extrusion 
avoiding crystallization. However, the incubation time can be drastically extended for 
annealing at 823 K, where crystallization of the glassy phase is not observed for holding 
times exceeding 60 minutes (black and blue lines as shown in Fig.6.2 ).  
Figures 6.3(a)-(d) show the OM micrographs of the cross sections for the glass-brass 
blended powder (a), the 20h milled powder (b), the blended composites (c) and the milled 
composite (d). As shown in Fig. 6.3 (a), the blended powder maintains the original form of 
glassy powder and brass powder, while the milled powder shows altered shape. The milled 
powder is characterized by a rather heterogeneous microstructure (Fig. 6.3 (b)). Small 
particles display a microstructure consisting of layers of brass (bright areas) alternating with 
glass layers (dark areas). Large particles display the glass-brass alternating layer structure 
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only on the surface of the composite particles, whereas the core consists of relatively less 
deformed glassy particles embedded into a continuous brass matrix.  
Figures 6.3(c) and (d) show the OM micrographs of the as-extruded composites. The 
microstructure of the blended composite as shown in Fig. 6.3 (c) displays a homogeneous 
distribution of dark particles (the Ni59Zr20Ti16Si2Sn3 glass) dispersed in a continuous bright 
matrix (i.e. brass), while the microstructure of the milled composite displays the same 
features that resemble those observed for the as-milled powders (Fig.6.3(b): alternating 
layers of glass and brass with interlayer spacing of 2 – 5 m and large and isolated 
agglomerates of relatively less deformed glassy particles embedded into a continuous brass 
matrix. 
 
Figure 6.3 OM micrographs of the glass-brass powder mixtures with 40 vol% brass: blended (a) and milled 
for 20 h (b). OM micrographs for the blended (c) and milled composites (d). 
 
 
Figure 6.4 Densities of the consolidated blended (  ) and milled (  ) composites as a function of the volume 
fraction of glass reinforcement. 
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Extrusion at 823 K not only permits the consolidation of the composites avoiding 
crystallization of the glass reinforcement, but it also leads to bulk samples with relative 
density exceeding 99 %. As expected for highly dense specimens, the density of the 
composites closely follows the rule of mixture (dashed line in Fig. 6.4 ) and decreases 
linearly with increasing vol.% of glass. 
The thermal analysis results obtained for the blended and milled composites are given 
in Fig. 6.5. Due to the optimized consolidation parameters, the DSC trace of the blended 
composite (blended & extruded) exhibits a very similar crystallization behavior compared 
to the parent gas-atomized powder. Tg and Tx are 831 and 885 K (Tg = 820 K and Tx = 882 K 
for the parent as-atomized powder) and the crystallization enthalpy is ΔHx of 54 J/g for the 
blended composite, therefore smaller with respect to the as-atomized powder (H = 62 J/g). 
However, after normalization of the crystallization enthalpy to the wt.% of brass, which does 
not contribute to the crystallization enthalpy, the value of enthalpy for the blended composite 
is very similar to that observed for the as-atomized Ni59Zr20Ti16Si2Sn3 glassy powder. This 
clearly indicates that the extrusion process does not induce any significant crystallization of 
the glassy phase. On the contrary, the crystallization enthalpy decreases from about 40 J/g 
for the blended powder to 20.5 J/g for the material milled for 20 h. This would suggest that 
about 50 % of glassy phase crystallizes during milling. The value of Tx for the milled powder 
is 884 K; therefore, only slightly increased compared to the as-atomized powder (882 K). 
Compared to the GAP, the crystallization temperature of the milled composite shifts to a 
slightly lower temperature with a broadening of the primary crystallization peak with ΔHx 
of 19.34 J/g. 
 
Figure 6.5 (a) DSC scans (40 K/min) of the as-atomized Ni59Zr20Ti16Si2Sn3 powder (GAP) ,the blended 
composite (blended & extrudede), the glass-brass composite powders milled for 20 h (milled) and the milled 
composite (milled & extruded)   
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Figure 6.6 (a) XRD patterns (Co-K radiation) for the consolidated blended composite (blended) and milled 
composite (milled) with 60 vol.% of Ni59Zr20Ti16Si2Sn3 glass reinforcement. 
 
No visible glass crystallization is shown in the XRD patterns of the blended and milled 
composites (Fig. 6.6 ) The patterns display few narrow diffraction peaks due to brass together 
with the broad maximum belonging to the glassy phase at about 2 = 45°. No diffraction 
peaks belonging to additional phases are detected within the sensitivity limits of XRD. 
 
6.1.3 Effect of microstructure of glass-brass composite on the mechanical properties  
The mechanical properties of the glass-brass composites were investigated by room 
temperature compression tests and the corresponding stress-strain curves are presented in 
Fig. 6.7 along with the curve for pure brass extruded using the same consolidation 
parameters as used for the glass-brass composites.  
The addition of the glass reinforcement remarkably improves the strength of the 
material. The compressive strength (the maximum compressive stress which the material is 
capable of sustaining [Ast03a] increases from about 500 MPa for pure brass to 740 and 925 
MPa for the blended composites with 60 and 40 vol.% of brass particles, respectively. In 
contrast, the plastic deformation of the extruded materials decreases from about 40 % for 
pure brass to 28 and 9 % for the composites containing 60 and 40 vol.% brass. The layered 
microstructure characterizing the milled composites induces a significant improvement of 
strength with respect to the blended composites. The strengths of the milled composites with 
60 and 40 vol.% brass are 1240 and 1640 MPa. Therefore, respectively increased by about 
500 and 700 MPa compared to the blended composites with the same composition. 




Figure 6.7 Room temperature compression stress-strain curves for the consolidated pure brass and blended and 
milled composites with 40 and 60 vol.% of Ni59Zr20Ti16Si2Sn3 glass reinforcement 
 
The driving force behind the development of metal matrix composites is the possibility 
to design their properties to meet specific requirements through the proper combination of 
the constituents (i.e. matrix and reinforcement) as well as by the optimization of the 
microstructure features (e.g. volume fraction, size and morphology of matrix and 
reinforcement) [Cly93a, Kai06a]. In order to achieve this aim, the prediction of the 
properties of a composite from the properties of the single constituents is a necessary 
prerequisite.  
The strength of the present glass-reinforced composites was modeled using the rule of 
mixtures (ROM). The ROM is the simplest and most intuitive method for estimating the 
mechanical properties of a composite [Kai06a, Cha87a, Kim00a and Scu08a]. It derives the 
properties of the composite from the volume-weighted averages of the properties of the 
single constituents and assumes that the composite constituents are non-interacting during 
deformation [Cha87a]. Additionally, the distance between the particles, also referred to as 
the matrix ligament size , is a key parameter to determine mechanical property for 
composites consisting of a soft matrix reinforced with hard particles. This is particularly 
important for composites containing large volume fractions of reinforcement, where the 
matrix is constrained by the hard particles into regions (i.e. the matrix ligament size having 
size that decreases with increasing volume fraction of glass reinforcement [Scu09a]. In 
analogy with the strengthening effect resulting from grain refinement, the reduction of  can 
give a considerable contribution to the strength of the composites because the matrix/particle 
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interface can effectively reduce the movement of dislocations [Scu09a, Hir96a]. 
   The compressive strength of the blended and milled composites as a function of the 
volume fraction of the Ni59Zr20Ti16Si2Sn3 glass reinforcement is shown in Fig. 6.8 along with 
the strength values for pure brass and for the single-phase Ni59Zr20Ti16Si2Sn3 metallic glass 
[Lee03a]. Two ROM methods were used to model the strength of the composites: the iso-
strain and the iso-stress models. The iso-strain model assumes that matrix and reinforcement 
both experience the same strain during deformation [Cha87a]. This represents the upper 
bound and it is given by [Kim00a] 
c = Vm·m + Vr·r   , (6.1) 
where  is the strength, V is the volume fraction and the subscripts c, m and r indicate the 
composite, the brass matrix and, the glass reinforcement, respectively. On the other hand, 
the iso-stress model, which gives the lower bound, is based on the assumption that both 
matrix and reinforcement exhibit the same stress during deformation [Cha87a]. This can be 


















    .  (6.2) 
The results shown in Fig. 6.8 reveal that the compressive strength of the blended 
composites (fill circles) strictly follows the iso-stress model (dotted line). On the other hand, 
the strength of the milled composites (full squares) can be properly modeled using the iso- 
strain model (dashed line). This indicates that models based exclusively on the volume 
 
 
Figure 6.8 Compressive strength (evaluated from Fig. 6.7) as a function of volume fraction V of glass 
reinforcement for: composites () blended and () milled, () single-phase Ni59Zr20Ti16Si2Sn3 glass and 
values calculated through the iso-strain (dashed line) and iso-stress (dotted line) models calculated from 
equations (6.1) and (6.2). 
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fraction cannot be used for predicting the mechanical properties of the present glass-brass 
composites. 
A different model, which simultaneously considers the effects of both volume fraction 
and particle size on the strength of a material (
2/13/1  dV ), has been proposed by 
Gurland[Gur63a] for WC-Co alloys. This can be rewritten as  
2/13/1   V      (6.3) 
to take into account the effect of the matrix ligament size. 
In Fig. 6.9, the compressive strength of the blended and milled composites are plotted 
versus 2/13/1 V . The relationship between strength and 2/13/1 V  is approximately linear, 
which corroborates the validity of equation (6.3) and demonstrates that the strength of the 
present composites can be accurately modeled by taking into account the combined effect of 
volume fraction of reinforcement and matrix ligament size. 
 
 
Figure 6.9 Compressive strength as a function of volume fraction and matrix ligament size 
(
2/13/1   V ) for the () blended and () milled composites. 
 
6.2 Porous Ni59Zr20Ti16Si2Sn3 MGs 
The current section describes the fabrication of porous Ni59Zr20Ti16Si2Sn3 metallic 
glasses (MG) having uniformly dispersed micro meter and nanometer pores by the sequential 
processes of (i) mechanical milling of Ni-based MG and brass powders to form composite 
powders, (ii) hot pressing following hot extrusion of the composite powders to form the 
precursor structure and (iii) dissolution of the brass phase to yield a final porous glass having 
a nanoscale pore structure. 
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6.2.1 Porous Ni59Zr20Ti16Si2Sn3 MG powder  
Preliminary tests for porous MG were performed according to chemical reactivity in 
terms of the solute-solvent compatibility, the type and concentration of etchant, the 
immersion time, and the solubility of the brass particles to optimize the parameters. For this, 
Ni59Zr20Ti16Si2Sn3 MG composite powder containing 40 vol.% brass phase was used. 
The composite powders consisting of the more noble Ni59Zr20Ti16Si2Sn3 and 40 vol.% 
brass were immersed into the nitric acid solutions with varying concentrations (10, 20 and 
30 %) for 24 hours at room temperature. Additionally, nitric acid solution immersion and 
sulfuric acid tests were carried out as a function of the immersion time (1, 3, 6, 12 and 24 h). 
A new composite powder was used at each dissolution experiment and the immersed powder 
was collected by filtering. After collecting and rinsing with ethanol, the powder was dried at 
333 K for 24 h in furnace. 
 
6.2.1.1 Dissolution of Ni59Zr20Ti16Si2Sn3 MG composite powder containing 40 vol.% brass 
phase  
Figures 6.10 (a)-(f) display the SEM images obtained from the cross section of polished 
composite powders after chemical dissolution. The pore layers differ depending on the type 
of solution (i.e. nitric or sulfuric acid) and of its concentration. As shown in Figs 6.10 (d)-
(f), the dissolution of brass in nitric acid solution was easier than in sulfuric acid solution 
(see Figs. 6.10 (a)-(c)). The residual amount of brass analyzed by EDX reveals that nitric 
acid is more suitable as brass etchant. Contrary to expectations, the large porosity in the MG 
powder was generated by dissolution in 10 % nitric acid solution, whereas the loss of 
amorphous layered structure occurred by dissolution in 20 and 30 % nitric acid solutions. 
The porous structure is composed of homogeneously dispersed layers of the Ni-based MG 
separated by nanoscale pores, which correspond to the finely nanoscale brass multilayers 
developed during ball-milling (Fig. 6. 3(b)). 
Crystalline peaks corresponding predominantly to brass along with minor reflections 
from Ni59Zr20Ti16Si2Sn3 phases are present in the porous powder after dissolution in sulfuric 
acid solution, while the XRD patterns from porous powder generated by dissolution in nitric 
acid solution show no crystalline peaks except for the 10 % HNO3 (Fig. 6.11). 
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Figure 6.10 SEM backscattered electron images obtained from the polished cross section of the chemical 
dissolved nanostructured Ni-based MG composites containing 40 vol.% brass and residual brass composition 
in wt.% analyzed by EDX. 
 
    
Figure 6.11 X-ray diffraction patterns of Ni59Zr20Ti16Si2Sn3 MG + brass precursor powder and porous 
Ni59Zr20Ti16Si2Sn3 powder produced by dissolution in (a) nitric and (b) sulfuric acid solutions. 
 
 
Figure 6.12 Weight loss ratio of the composite 





Table 6.1 ICP-AES elemental analysis of residual 
nitric acid solution after dissolution. 
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The weight loss of the composite powder increases with increasing concentration of 
acid solution, as shown in Fig. 6.12. The weight loss after dissolution of the composite 
powder exceeded the weight for 40 vol.% brass. Hence, the dissolved elements in the acid 
solution were analyzed by ICP-AES (Inductively Coupled Plasma Atomic Emission 
Spectroscopy). The dissolution of the amorphous phase was confirmed by an elemental 
analysis of the nitric acid solution (table 6.1). The elements of the amorphous phase are 
detected, but the concentration of dissolved amorphous phase was only 0.00325g/30ml. It is 
considered for reason of the fall of the layer structure connected by brass phase caused by 
the more active dissolution from the concentrated acid solution. Consequently, the specific 
surface area of porous MG powder, which was immersed in 10 % nitric acid solution, reaches 
a maximum, and the specific surface area of the porous MG powder rises with decrease 
activate rate according to the increase in immersion time up to 24 h  (Figs. 6.13(a) and(b)). 
 
 
Figure 6.13 (a) Specific surface area of porous Ni59Zr20Ti16Si2Sn3 powders produced by selective dissolution 
with different conditions. (b) Experimental plot of measured specific surface area as a function of the 
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6.2.1.2 Characterization and properties of porous Ni59Zr20Ti16Si2Sn3 MG powder 
    The SEM image in Fig. 6.14(d) of the cross-section of the porous powder shows the 
nano-layered structure fabricated by selective dissolution of the ball milled composite 
powder. The fine layered structure is composed of homogeneously dispersed dark layered 
pores separated by adjacent lighter areas, which correspond to the layers of the Ni-based MG 
(compare with Fig. 6.14 (b)).  
 
 
Figure 6.14 SEM backscattered electron and OM images obtained from the Ni-based MG composite powder 
precursor containing 40 vol.% brass (a),(b) and porous Ni-based MG powder (c),(d) . 
 
  
Figure 6.15 (a) XRD patterns (Co-K radiation) and (b) isochronal DSC traces (heating rate 40 K/min)for the 
porous MG powder, Ni-based MG composite powder containing 40 vol.% brass and GAP. 
 
(b) (a) 
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The XRD patterns in Fig. 6.15(a) show clear differences between composite powder 
and porous MG powder. The pattern of the starting MG-brass composite powder (i.e., after 
milling) does not show any evidence of crystallization of the metallic glass phase and it 
displays only the brass peaks. For the porous powder there are no visible diffraction peaks 
except from those of the residual brass fugitive phase indicating that the MG phase in the 
porous MG powder has not undergone any significant devitrification during ball milling and 
dissolution.  
The thermal analysis results obtained for the milled composite powder, porous MG 
powder and GAP are given in Fig. 6.15 (b). The DSC trace of the as-milled composite 
powder exhibits a crystallization temperature, Tx, of 879 K and an integrated heat of 
crystallization, ΔHx, of 21 J/g. Compared to the monolithic MG, the crystallization 
temperature of the composite slightly shifts to lower temperature with a reduction of the 
crystallization peak area. One possible explanation for this difference is partial alloying or 
dissolution of the Ni-based MG with brass during milling, leading to a slight compositional 
change in the glass. The DSC scan of the porous powder has, Tx at 886 K and heat of 
crystallization of 28 J/g, which is larger than the composite powder. 
 
Figure 6.16 Measured specific surface area of the as-atomized and porous Ni-based MG powders. 
 
The specific surface area of the porous Ni-based MG measured by the BET method is 
16 m2/g, while the as-atomized Ni59Zr20Ti16Si2Sn3 MG powder has a specific surface area of 
0.29 m2/g. As shown in the cross section of the porous powder (Fig. 6.16), fine pore layers 
developed during milling enhance the specific surface area. 
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6.2.2 Porous Ni59Zr20Ti16Si2Sn3 MGs 
Solid-state powder metallurgy has been used to fabricate porous Ni-based MGs with 
customized pore structures. To achieve this aim, bulk precursors were produced by warm 
extrusion of powder mixtures consisting of Ni59Zr20Ti16Si2Sn3 glass phase along with 40 vol.% 
brass, as mentioned in Sec. 6.1. Porous specimens were then obtained through the selective 
dissolution of the fugitive brass phase based on the preliminary tests (Sec. 6.2.1). The glass- 
brass powder mixtures were prepared through manual blending as well as by ball milling in 
order to vary pore size and morphology. Additional porous samples were prepared from 
different combinations of blended and milled powder mixtures with the aim of achieving 
hybrid porous structures consisting of large pores (able to favor the transport of reactants 




Figure 6.17 OM micrographs of (a) ball milled (20 h) glass-brass particles (d < 450 m), (b) manually blended 
glass-brass particles, (c) ball milled (20 h) glass-brass particles (d < 125 m), (d) 1:1 mixture of manually 
blended and ball milled (d < 450 m) particles and (e) 5) 1:1 mixture of manually blended and ball milled (d 
< 450 m) particles. 
 
In order to achieve this aim, bulk precursors were prepared by consolidation of the 
following composite powders as shown in Figs. 6.17 (a)-(e). 
1) Manually blended glass-brass particles (Fig. 6.17(b)) 
2) Ball milled (20 h) glass-brass particles (particle size d < 125 m) (Fig.6.17 (c)) 
3) Ball milled (20 h) glass-brass particles (d < 450 m) (Fig. 6.17 (a)) 
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4) 1:1 mixture of manually blended and ball milled (d < 125 m) particles (Fig. 6.17 (e)) 
5) 1:1 mixture of manually blended and ball milled (d < 450 m) particles. (Fig. 6.17 (d)) 
Based on a mass balance, if all 40 vol.% brass was removed and MG is noble in acid 
solution, then the weight and density should be similar to either 60 % of the density of the 
precursor or the weight of MG matrix phase in the precursor. Selective dissolution of bulk 
precursors by nitric acid solution required a higher concentrated solution than the one used 
for the composite powder. Therefore, porosity in the MG was generated by selective 
dissolution of the brass by immersion into a 50:50 HNO3:H2O solution for 24 h at room 
temperature, as shown in Fig. 6.18 (a).  
 
 
Figure 6.18 (a) The overview of selective dissolution process and (b) progress of the dissolution with increasing 
immersion time.  
 
Figure 6.18 (b) shows a larger pore size in the sample immersed for 24 h (corresponding 
to 60 % of the density of the bulk precursor) than for 12 h. The 3-dimensional pore analysis 
was carried out via X-ray CT and the inner porous structure of the porous MGs is shown in 
Fig. 6.19. The porosity (open and closed pores) is approximately 55 %, while the closed 
porosity is 5 %. The finely elongated brass phase, which is refined further during extrusion, 
should promote brass dissolution in the nitric acid solution. Thus, the brass phase, exhibiting 
fine layer structure developed during ball milling, is dissolved quickly and therefore the 
measured porosity is higher than 40 vol.%. 
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Figure 6.19. (a) Open porosity (%) and (b) closed porosity according to Z-position, (c) 3-dimensional pore 
analysis of porous MG from SPSed composite via X-ray CT 
 
Figures 6.20 (a)-(e) show the OM micrographs of the cross-section for the consolidated 
bulk precursors. The microstructure of the bulk sample produced from the manually blended 
particles (Fig. 6.20 (a)) displays a homogeneous distribution of dark particles ( Ni59Zr20Ti16Si2 
Sn3 glass) dispersed in a continuous bright matrix (i.e. brass). The microstructure of the sample 
produced by consolidation of the milled particles with size below 450 m (Fig. 6.20 (b)) 
resamples that of the corresponding as-milled powders with similar size (see Fig.6.20 (b)): a 
matrix consisting of alternating glass-brass layers with interlayer spacing in the range of 2–
5 m and large and isolated agglomerates of relatively less deformed glassy particles. The 
microstructure is much more refined in the specimen produced from the milled particles with 
size below 125 m (Fig. 6.20 (c)), which mainly consists of a layered matrix and a few large 
and less deformed glassy particles.  
The bulk samples obtained from the 1:1 mixtures of manually blended and ball milled 
(d < 450 and < 125 m) particles display the combination of both the microstructural features 
of the components: undeformed manually blended particles along with the layered structure 
and the large and moderately deformed glassy particles (Figs.6.20 (d) and 6.20 (e)). 
The microstructures of the porous specimens resulting from the dissolution of the bulk 
precursors are shown in Figs.6.20 (f)-(o). The areas previously occupied by the brass phase 
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are now empty and their morphology obviously resembles that observed for the corresponding 
bulk precursors (Figs.6.20 (f)-(j)). The SEM micrographs taken at higher magnification (Figs. 
6.20 (k)-(o)) demonstrate that the size and morphology of the pores can be successfully varied 
by milling the composite powders as well as by choosing the proper particles mixtures. 
Extrusion of the powders drastically deforms the material and gives rise to bulk 
precursors characterized by both the brass and glassy particles that are remarkably elongated 
along the extrusion direction (see Fig. 6.21(a)), which shows the pores morphology along the 
 
Figure 6.20 Microstructure of the consolidated bulk precursors (a-e) and corresponding porous specimens 
(f-o) produced from the following glass-brass mixtures: (a,f,k) manually blended, (b,g,l) milled (particle 
size d < 450 m), (c,h,m) milled (d < 125 m); (d,i,n) 1:1 mixture blended and milled (d < 450 m) and 
(e,j,o) 1:1 mixture blended and milled (d < 125 m). 
 
 
Figure 6.21 Microstructure of (a) consolidated bulk precursor produced from the milled particles with size 
below d < 125m viewed along the extrusion direction and (b) the corresponding porous specimen. 
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extrusion direction for the specimen produced from the milled particles with size below 125 
m). The deformed microstructure along the extrusion direction is preserved in the 
corresponding porous material (Fig. 6.21(b)) in agreement with the results of Lee and Sordelet 
[Lee06a] for BMG foams produced by powder metallurgy 
The relative density of the porous samples, which was evaluated from the mass of the 
specimens after dissolution, ranges between 56 and 58 %, therefore very similar to the 
expected density (60 %). These results indicate that the brass phase is fully interconnected in 
the bulk precursors and that it can be removed completely during the dissolution process. 
The X-ray patterns of the Ni-based glass-brass composites precursors and bulk porous 
MG are shown in Figs. 6.22 (a) and (b). Crystalline peaks corresponding predominantly to brass 
along with minor reflections from the Ni10(Zr, Ti)7 phase are present in the precursor samples. 
The important observation from Fig. 6.22(b) is that the structures of the as-atomized powder and 
the Ni-based porous MG are similar, indicating that the latter retained an amorphous state 




Figure 6.22 XRD patterns (CoK radiation) for the glass-brass composites precursors and (a) bulk porous 
MGs. 
 
Thermal analysis results (Fig. 6.23), obtained from the as-atomized powder, composite 
powder milled for 5 and 20h, porous MG powder and bulk porous MG, indicate significant 
differences between the precursor and the final porous structures. The crystallization enthalpy 
(normalized to the nominal amount of glassy phase, i.e., 60 vol.%) slightly decreases from 24 
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J/g for the powder milled for 5 h to about 21 J/g for the material milled for 20 h. This again 
indicates that about 50 % of glassy phase (60 vol.% glass = 37 J/g ) crystallizes during milling. 
The crystallization enthalpies of the porous MG powder and bulk porous MGs are higher, 
because this difference may be the partial isolation of brass phase by the Ni-based MG layer 
during dissolution 
 
Figure 6.23 DSC scans (40 K/min) of as-atomized Ni59Zr20Ti16Si2Sn3 glass–brass composite powders milled 
for 5 and 20 h, porous powder obtained from the powder milled for 20 h by selective dissolution of brass 
(20 h porous) and BMG foam produced from the powder milled for 20 h with particle size d < 125m (20 
h bulk porous). 
 
The pore structure of the samples was investigated by image analysis of the SEM 
micrographs. The porous MGs exhibit irregularly shaped pores along with highly elongated 
layered pore structures due to the extrusion process (Fig. 6.21(b)). Therefore, a single parameter 
(e.g., pore diameter) cannot describe properly the pore structures and, consequently, thickness 
and width of the layered pores (along the transverse direction), and their length along the 
extrusion direction have been used to characterize the microstructure 
Figure 6.24 (a) shows the normal distributions of the pore thickness of the samples in Figs. 
6.20 (f)-(j). The mean value of pore thickness decreases from about 15 m for the porous 
specimen produced by manual blending to 2 and 0.4 m for the samples fabricated from the 
milled powders with d < 450 and < 125 m, respectively. The thickness distribution is rather 
wide for the blended sample and it decreases significantly for the milled materials. The mean 
values of pore thickness of the hybrid porous samples produced from the 1:1 mixtures of 
manually blended and ball-milled particles with sizes below 450 and 125 µm are 4 and 0.7 µm, 
respectively; therefore, they are located between the values of the corresponding parent materials. 
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Similar size normal distributions are observed for the width of the pores along the transverse 
direction (Fig. 6.24 (b)) and for their length along the extrusion direction (Fig. 6.24 (c)). In these 
cases, the distributions are wider and are shifted toward larger sizes with respect to the 
corresponding thickness distributions in Fig. 6.24 (a). The mean values of pore width and length 
decrease from 25 and 28 µm for the manually blended material to about 1 and 3 µm for the 
sample fabricated from the milled powder with d < 125 µm, which indicates that the mean value 
of pores width and length are increased by about a factor of 2–3 compared with the pores 
thickness. Intermediate values of average width and length are observed for the specimens 
produced from the 1:1 mixtures of manually blended and ball-milled particles. 
 
Figure 6.24 Distributions of (a) pore thickness, (b) pore width along the transverse direction, and (c) pore 
length along the extrusion direction for the different porous metallic glasses. (d) Values of the specific 
surface area of the porous materials estimated from the data of Lee and Sordelet [Lee06a] (solid line) using 
the average pore thickness (arrows). 
 
The surface area of the present porous materials (estimated using the average pore width) 
ranges between 0.7 m2/g for the blended sample to about 10 m2/g for the specimen produced 
from the milled powder with d < 125 m (see arrows in Fig. 6.24 (c)). Compared to the 
specific surface area of the porous MG powder (16.2 m2/g) produced by dissolution of the 
20 h milled composite powder, the surface area of the bulk porous MG is smaller than the 
estimate calculated by the average pore length. The reason may be the damage of porous 
structure by enhancement in reactivity owing to nanostructured brass phase during 
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dissolution. Although these are only approximated values that, to be confirmed, necessitate 
direct surface area measurements, such as through the Brunauer–Emmett–Teller method, t
hey nevertheless further demonstrates the potential of the powder metallurgy route for the 
production of porous materials with customized macrostructures. 
 
6.2.3 Application test 
Catalytic technologies are of particular interest for the control of the pollutants emitted 
by the exhaust systems of motor vehicles, which are subject to regulation (nitrogen oxides, 
hydrocarbons, CO and particulates) [Hec01a]. In the case of diesel engines operating under 
lean burn conditions, there is no available catalytic technology yet, which is able to deal 
directly with all of the mentioned pollutants. Due to incomplete combustion in the 
automobile engine, there are a number of incomplete combustion products. Significant 
amounts of HC, CO and NOx are emitted to the atmosphere from the cold exhaust gas 
produced by automobile vehicles [Hec01a]. In order to induce the reaction of CO and HC 
from the exhaust gas with oxygen for the desired production of CO2, and the reduction of 
NOx to N2 and H2O, three-way conversion (TWC) catalyst is used. The TWC catalyst, which 
is composed of substrate, wash-coat and top coat (Fig. 6.25), converts HC, CO and NOx to 
products such as H2O, CO2 and N2 [Hec01a]. 
For an in line hydrocarbon trap system to work, the hydrocarbons must be eluted from 
the trap at the exact time when the underfloor catalyst reaches a reaction temperature >250℃ , 
as shown in Fig.6.26. The HC is then desorbed and oxidized in the normal TWC catalyst. 
No hydrocarbon trap materials have been found capable of retaining HC at this temperature. 
Consequently, hydrocarbons passes through the underfloor catalyst unreacted and out the 
tailpipe [Hec01a]. 
 
Figure 6.25 SEM image of longitudinal section of a three-way catalytic converter [Hec01a].   
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However, some unique system designs have been proposed. A cross flow heat 
exchanger designed trap system demonstrated a 70 % reduction in the non-methane cold 
start hydrocarbons during FTP (federal test procedure) cycle #1 [Hoc93a, Bur95a]. ]. The 
FTP is composed of the Urban Dynamometer Driving Schedule (UDDS), which represents 
city driving conditions and is used for light duty vehicle testing, followed by the first 505 
seconds of the UDDS [Epa14a]. The dynamometer portion of the test procedure has a very 
complex timeline of events. Three system design approaches have been proposed and studied 
in combination with catalysts to reduce the cold start emissions. The concept of using a 
catalyst near the engine or in the vicinity of the vehicle firewall to reduce the heat-up time 
has been practiced [Bal94a, Bha93a, Sum93a]. Catalyst manufacturers are once again 
exploring new carriers capable of retaining high surface areas and metal combinations that 
resist deactivation due to sintering after high temperature exposure [Hec01a]. 
Therefore, the use of porous MG as a replacement for the current metallic support 
materials has been attempted. In order to test this possibility, gas absorption ability tests 
were performed and the results are described in the next section. 
 
 
Figure 6.26 Release of hydrocarbons from trap must coincide with lightoff of downstream catalyst [Hec01a]. 
 
6.2.3.1 Gas adsorption behavior 
Hydrogen is an essential component in many industrial processes. As a result of the 
recent increase in the development of shale gas, steam reforming of shale gas has received 
considerable attention as a major source of H2, and the more efficient use of hydrogen is 
strongly demanded.  
In order to measure adsorption isotherms, known amounts of gas are admitted stepwise 
through the manifold into the sample cell up to 1 bar. At each steps, adsorption of the gas by 
the sample occurs and the pressure in the confined volume falls until the adsorbate and the 
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remaining gas in the sample container are in equilibrium. The amount of gas adsorbed is the 
difference between the amount of gas admitted and the quantity of gas filling the pore 
volume. The porous MG powder specimens varied their specific surface areas with different 
immersion time for selective dissolution. The adsorbed amount of N2 and H2 gas as a 
function of pressure was obtained by volumetric method, as shown in Figs.6.27(a) and 6.27 
(b).  
The maximum specific volume of H2 and N2 adsorbed on porous MG powders increases 
stepwise as function of immersion time and the specific adsorbed volume of 24 h immersed 
powder shows a remarkable value of 1 cm3 (Standard Temperature and Pressure, STP) g-1, 
much larger than adsorption volumes obtained from low porosity powders such as 3, 6 and 
12 h immersed powders. STP corresponds to 273 K and 1 atm pressure. STP is often used 
for measuring gas density and volume [Abo14a]. The adsorbed volumes for 3 and 6 h porous 
MG powder are 0.04 cm3(STP) g-1, 0.03 cm3(STP) g-1 under the pressure of 1 bar. Classical 
high-pressure tanks made of steel are tested up to 300 bar and regularly filled up to 200 bar 
in order to keep safe during hydrogen storage in most countries. Therefore, larger adsorbed 
volumes are expected under higher pressures to store hydrogen as similar as capacity of 
hydrogen storage alloys. In this study, the possibility of application of porous MS as storage 
materials is demonstrated via Adsorption isotherms test.   
     
Figure 6.27 Adsorption isotherms of nitrogen and hydrogen for porous MG powder samples immersed for 3, 
6, 12 and 24h. 
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7. Conclusion & outlook 
In this study, Ni59Zr20Ti16Si2Sn3glass and its composites have been fabricated using 
mechanical milling and consolidation by hot pressing followed by extrusion of 
Ni59Zr20Ti16Si2Sn3metallic glass powder or Ni59Zr20Ti16Si2Sn3metallic glass powder 
reinforced with 40 vol.% of brass particles to obtain bulk materials with high strength and 
enhanced compressive plasticity and to generate Ni59Zr20Ti16Si2Sn3metallic glass porous 
structures.  
To properly vary size, for the morphology of the second phase in the composites, and 
to consolidate the brass–glass powder mixtures, two different approaches were prepared: 
manual blending and ball milling. The sintering parameters were chosen after careful 
analysis of the crystallization behavior of the glassy phase to avoid its crystallization during 
consolidation. Powder consolidation was carried out at temperatures within the SCL region, 
where the glassy phase displays a strong decrease of viscosity.  
Ball milling has a significant effect on the microstructure of the powder mixtures: a 
refined layered structure consisting of alternating layer of glass and brass is formed as a 
result of the mechanical deformation. However, ball milling reduces the amorphous content 
of the composite powders due to mechanically induced crystallization and reaction of the 
glass and brass phases during heating. In addition, the milling of the composite powders and 
the following consolidation step reduces the amorphous content by about 50 %. 
The bulk amorphous Ni59Zr20Ti16Si2Sn3 alloy synthesized by hot pressing exhibits 
higher strength (2.28 GPa) than that of the as-cast bulk amorphous Ni59Zr20Ti16Si2Sn3 alloy 
(2.2 GPa). The mechanical behavior of the glass-brass composites is significantly affected 
by the control of the microstructure between the reinforcement and the nano-grained matrix 
phase through the different methods used for the preparation of the powder mixtures. The 
strength of the composites increases from 500 MPa for pure brass to 740 and 925 MPa for 
the composites with 40 and 60 vol.% glass reinforcement prepared by manual blending. The 
strength further increases to 1240 and 1640 MPa for the corresponding composites produced 
by ball milling caused by the remarkable effect of the matrix ligament size on the 
strengthening of the composites. 
Models that were based exclusively on the volume fraction of the reinforcement cannot 
be used for predicting the mechanical properties of the present glass-brass composites. On 
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the other hand, the strength of the composites can be accurately described through a simple 
model which simultaneously considers the effects of both volume fraction and matrix 
ligament size. This indicates the remarkable effect of the matrix ligament size on the 
strengthening of the composites. 
The selective dissolution of the fugitive brass phase in the Ni59Zr20Ti16Si2Sn3composite 
containing 40 vol.% brass is carried out to obtain porous amorphous specimens. The 
microstructure of the porous samples consists of highly elongated layered pore structures 
and/or irregularly shaped pores. The average size of the pores depends on the processing 
parameters and can be varied in the range of 0.4–15 µm. Additional porous samples were 
prepared from different extruded composite precursors of blended and milled powder 
mixtures. This leads to customized hybrid porous structures consisting of a combination of 
large and small pores. 
The specific surface area of the porous Ni-based metallic glass powder measured by the 
BET method is 16 m2/g, while the as-atomized Ni59Zr20Ti16Si2Sn3 powder has a specific 
surface area of 0.29 m2/g. This indicates a mechanical milling induced enhancement in 
surface area by refinement of the fugitive brass phase. However the specific surface area of 
the porous Ni-based metallic glass obtained from as-extruded precursors is 10 m2/g caused 
by a breakdown of the porous structure during selective dissolution of the nano-scale fugitive 
phase. As the results of Lee and Sordelet for nano porous Cu-based MGs produced by powder 
metallurgy, it shows the porous metallic glass which has a specific surface area of 23.5 m2/g. 
Additionally, Lee and Sordelet insisted an increase in the amount of pores in the Cu-based 
MG from 25 to 40 vol.% leads to an estimated surface area increase to 35.5 m2/g [Lee06a]. 
Further, we will investigate on the results demonstrated in this thesis, which is quite different 
from either of Lee and Sordelets’ results [Lee06a].  
As shown in chapter 6, it was possible to synthesize analogous nano-layered composite 
particles with 40 vol.% of a metallic phase interspersed with a MG phase. It is 
straightforward to envision achieving substantial increases in surface area with the porous 
Ni-based MG by adjustment of the interconnectivity of MG phase and optimized amount of 
similarly sized pores.  
Although milling of the present composite powders and the following consolidation 
step reduces the amorphous content by about 50 %, through the use of glassy phases with 
improved stability against mechanically induced crystallization along with reduced affinity 
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with the fugitive phase to avoid unwanted reactions during processing, this approach using 
powder metallurgical offers the possibility to produce highly active porous bulk materials 
for functional applications, such as catalysis, which require the fast transport of reactants 
and products provided by the large pores along with high catalytic activity ensured by the 
large surface area characterizing the small pores. Accordingly, gas absorption ability tests of 
porous Ni-based metallic glass powders have been performed in order to evaluate the 
possibility of replacement of conventional support materials. From these first tests it can be 
conclude that additional opportunities should exist for nano-porous MGs with designed 
architecture of porous structures that are tailored to specific functional applications. 
Additionally, a step toward evaluating application, its thermal conductivity of porous MGs 
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